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Abstract

The coupling of standard self-organization methods with surface artificial nanostructuring has recently emerged as a promis-
ing technique in semiconductor materials to control simultaneously the size distribution, the density and the position of epitaxial
nanostructures. Some physical aspects of the morphology and elastic strain engineering are reviewed in this article. The em-
phasis is on the effects of capillarity, growth rate anisotropy, strain relaxation and entropy of mixing for alloys. The interplay
among these driving forces is first illustrated by I1I-V compound semiconductor growth on lithographically patterned surfaces,
then by germanium growth on implanted substrates and nanopatterned templates obtained by chemical etching of buried strain
dislocation networksTo citethisarticle: J. Eymery et al., C. R. Physique 6 (2005).

0 2004 Académie des sciences. Published by Elsevier SAS. All rights reserved.

Résumé

Structuration artificielle de surfaces de semi-conducteurs pour la croissance cristallined.e couplage de méthodes
classiques d’auto-organisation avec des nanostructurations artificielles de surfaces s’est récemment avéré étre une excellente
technique dans les matériaux semi-conducteurs pour contréler simultanément la taille, la densité et la position de nanostruc-
tures épitaxiées. Certains aspects physiques concernant I'ingénierie de la morphologie et de la contrainte élastique sont passés
en revue dans cet article. L'accent est mis sur les effets de capillarité, d’anisotropie de la vitesse de croissance, de relaxation de
contrainte et d’entropie de mélange pour les alliages. Linteraction entre ces différentes forces motrices est illustrée en premier
par la croissance de composés de semi-conducteurs IlI-V sur des surfaces obtenues par lithographie, puis par la croissance
de germanium sur des substrats implantés et sur des surfaces nanostructurées obtenues par attaque chimique de réseaux d
dislocations enterréeBour citer cet article: J. Eymery et al., C. R. Physique 6 (2005).

0 2004 Académie des sciences. Published by Elsevier SAS. All rights reserved.
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1. Introduction

The development of industrial processes for patterning semiconductors on the nanometric scale is one of the main nano-
technology challenges to obtain templates for producing low-dimensional quantum nanostructures (quantum wells, wires and
dots) by direct epitaxial growth. The standaop-down approach of the integrated circuit manufacturing industry uses optical
lithographic techniques giving already access to feature sizes as small as one hundred of nanometers. Smaller features sizes
of about tens of nanometers are produced using electron beam lithography or scanned ion beams, at the expense of processing
time. The nano-imprint technigue [1] enables a parallel nanoscale processing capability by using well-resolved techniques,
such as electron beam lithography to create the master stamp that is embossed on polymer substrates before hardening and
etching processes. One can also produce an assembly of self-organized nanostructures with a predefined nanometric size,
and then addressing these objects by methods that are more conventional. A famous example in the field of semiconductors
consists of the hetero-epitaxial growth of self-organizing three-dimensional islands used in memories and laser applications.
This method suffers generally from poor size homogeneity and density controlodtteen-up approach has proposed to
steer the nanostructures nucleation by using spontaneous surface patterns such as specific reconstructions [2], steps at vicinal
surfaces [3] or relaxed templates with dislocations [4]. Unfortunately, simultaneous control of the size distribution, density
and position of the structures in the nanometer range has not yet been achieved, in general. Indeed, it is very difficult to find
versatile methods that can be applied to a large range of feature sizes over large areas. Several examples shown in this article
will demonstrate that the coupling of artificial surface nanoprepatterning with self-organization process is a promising technique
that solves the spatial control of nanostructure positioning. This approach, at the junction of top-down and bottom-up methods,
will be probably strongly developed in future semiconductor nanotechnology.

The first part of this article will report on the physical ingredients driving ‘seeded’ self-organization in nanopatterned sur-
faces. These effects will be illustrated with 1ll-V compound semiconductor growth on lithographically patterned surfaces,
leading to the formation of self-organized quantum wires and dots. The second part of the article will be focused on emerging
nanopatterning methods compatible with the microelectronics technology for obtaining surface artificial nanostructuration. Two
ways based on the use of implantation and ion engineering and chemical etching of buried strain networks will be especially
discussed. The last part will conclude on the interest of the nanometric artificial structuration of semi-conductor surfaces.

2. Physical ingredients to steer semiconductor self-organization and growth on nanopatterned surface: nonplanar
epitaxy

2.1. Generalities

According to the Nernst—Einstein relation, the driving force for surface homoepitaxial growth depends on the local gradient
of the chemical potential (see [5], and the contribution of O. Pierre-Louis in this issue). The surface atomig iffigiven by

B N
wheren is the adatom densityp the diffusion coefficient ands an infinitesimal segment of the surface profile. The local
growth rate can then be expressed by means of the continuity equation as:
aj nD 82,u
R—-QO<JO_$)—~QO(JO+ kB—TW), 2)
where 2¢ is the volume of the unit cell andgp is the (local) deposition flux, which includes arrival, decomposition and
chemisorption of the growth species arriving from the material sources.

Following the pioneering works of Herring and Mullins [6,7], is written for a one-dimensional patterned surface as
w(x) =g+ 20ly @) + "0k (x) + 20Es(x). ng is the chemical potential of the flat and unstressed surfa@, is the
surface free energy that depends on orientatiar(x) is the surface curvature (negative for concave morphology)Eand is
a local strain energy that can take into account relaxation effects. This chemical potential formulation clearly shows that surface
curvature and strain energy are playing important roles in quantum wire and dot location [8—10]. In the case of a multicomponent
system, treated as an ideal solution, the chemical potential must also take into account the entropy of mixing of the system and,
for each componeritof the alloy of composition;, it assumes the form [11]

14 (%) = 11,0 + $2i,0[ 7 0) + " () [ () + £2; 0Es(x) + 2; ok T Inx; (x), ©)
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whereyx; is the mole fraction of the component. The last term reflects the tendency of the system to maximize the compositional
disorder on the surface.

In homoepitaxial growth, the curvature term will force adatoms to diffuse towards concave morphategikar(ty fluxes,
in analogy with the similar phenomenology for fluids) whereas the elasticity term favors a strong relaxation close to convex
morphologies (edge, apex); the entropy term drives adatoms to diffuse towards areas where their concentration in the alloy is
lower. The heteroepitaxial growth will also depend on these three ingredients, the elastic energy term taking also into account the
lattice mismatch between the elements. An interesting example of strain engineering is given by the InAs/GaAs system [12,13]
where two distinct growth regimes can be observed from InAs islands grown on patterned GaAs substrates. In the case of direct
growth, all the islands form between mesas, whereas the incorporation aof sBdfgAs stressor layer before the overgrowth
of the GaAs patterned substrate leads to well-controlled nucleation of the dots at the top of the mesas.

Self-limiting growth can be realized locally or globally, if conditions exist that lead to a steady state and uniform growth rate
distribution in adjacent areas on the growing surface. Moreover, any perturbation to epitaxial growth (e.g., material composition
or growth conditions) should cause growth transients leading to a new self-limiting state. This is formalized analytically in the
continuity equation (2): surface fluxes driven by chemical potential gradients must coexist with a deposition-rate distribution
£20Jo(x) (given, e.g., by the presence of various surface orientations with different reaction rates for the adsorbed species),
and should be directed towards areas with lower growth rates. In this way, surface fluxes can compensate for deposition rates
differences, and yield a uniform distribution of the overall growth rate.

2.2. Application example: self-ordered semiconductor nanostructured by nonplanar epitaxy

Seeded self-organization of semiconductor quantum wires (QWRSs) has been achieved by epitaxial growth of (In)GaAs/
AlGaAs quantum wells (QWs) on a sawtooth-shaped GaAs surface [14—18]. More recently, the technique has been extended to
realize self-organized quantum dots (QDs), by growth on a matrix of pyramidal recesses [19].

The fabrication method for QWRs is outlined in the cross-sectional schematics of Fig. 1. AB@\substrate is covered
with a periodic array of photoresist or poly (methyl methacrylate) (PMMA) stripes defined by optical, holographic or e-beam
lithography, with a period from a few 100 nm to a few um (a), and then wet-etched into an array of V-shaped grooves (b).
Epitaxial growth by Metalorganic Chemical Vapor Deposition (MOCVD) of a GaAs/AlGaAs QW results in the formation of
an array of parallel QWRs at the bottom of the grooves, due to a local thickening of the QW (c).

Fig. 2(a) shows a transmission electron microscopy (TEM) cross-section of an AIGaAs/GaAs multiple QW structure, grown
by low pressure MOCVD on a GaAs substrate, pre-patterned with an array of V grooves oriented al@1g-thgdirection
with a period of 0.5 um alon§011]. The GaAs QWs allow one to follow the evolution of the nonplanar profile as growth
proceeds [16]. Th¢1l 11} A-oriented sidewalls of the groove evolve into high-index planes, while at the top of the mesas a
faceted structure emerges, constituted of a ce(it@0) facet surrounded by tw{B 1 JA ones. The bottom of the grooves can
be better seen in the details of Fig. 2(b): when the GaAs QW is deposited on the AlGaAs barrier, the profile becomes wider and
a faceted structure with the same orientations as on the top emerges. In the same zone, some tens of nm wide, the QW thickens
with respect to the sidewalls; this thickening causes a lateral quantum confinement for charge carriers, and thus the formation
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Fig. 1. Cross-sectional schematics of the fabrication phasesFig. 2. (a) Cross sectional TEM image of a V-groove where a GaAs/
of QWRs grown on nonplanar substrates: (a) Deposition of AIGaAs multiple QW structure was grown by low pressure MOCVD.
patterned photoresist or PMMA stripes on a G4A80) sub- Darker contrast corresponds to GaAs layers, while lighter ones corre-
strate; (b) Definition of an array of V grooves by wet chemical spond to AlGaAs. Nanofacets forming in different areas of the groove
etching; (c) Growth of a GaAs/AlGaAs QW structure with the are indicated. (b) Detail of the bottom region, showing the formation of
formation of QWRs at the bottom of the grooves. a crescent-shaped QWR and of a VQW in the AlGaAs barrier.
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of a QWR [16]. During AlGaAs deposition, the TEM contrast at the bottom reveals the formation of a Ga-rich phase in the
QWR area propagating vertically, and clearly composed of three branches corresponding @ghend{3 1 A facets [20].

Quantum confinement has been observed also in this structure, thus termed Vertical Quantum Well (VQW) [21]. The width
of the VQW allows following the evolution of the bottom profile after QWR growth: the widened profile narrows again and
recovers the initial width before deposition of GaAs. T&H-limiting behavior makes possible the formation of a multiple

array of stacked, identical QWRs to themselves, as seen in Fig. 2(a). Note that, contrary to the bottom, the top profile does not
evolve in a self-limiting fashion, since it expands continuously, until complete planarization of the grooves, thus limiting the
number of QWRs that can be fit in the structure.

This self-limiting growth behavior can be interpreted in terms of the model outlined above, thanks to a profile-stabilizing
interplay of curvature-related capillarity fluxes and deposition rate distribution in the bottom region [22,23]. Note that, since the
AlGaAs/GaAs system is lattice-matched, the strain-related term in the surface chemical potential (see Eq. (3)) can be neglected,
while the entropy of mixing term is relevant only to AlGaAs alloys, and not to the GaAs binary compound. We will start
the discussion taking into account the capillarity term alone (that can account qualitatively for AlIGaAs growth as well), and
consider later the correction due to the entropy of mixing effects. For a fully faceted profile, such as that forming here, the
capillary term must be modified in a suitable way, to avoid divergences of the second derivative of the surface free energy.
According to the formulation of Herring [24], the chemical potential for a facet with surfacedacaa be written as

on N
1= po+ 70 i_Zl(Vi Cse; — v Coth) )a,
where the sum runs over all the neighboring facets, each formingAnith edge of length; and an anglé; .

For simplicity of formulation, we will suppose that both the bottom and top regions are siidl€)-oriented facets,
separated by a sidewall plane (taking into account the full fine structure of the profile adds only mathematical complications,
without providing physical information). For such a faceted surface profile shown in Fig. 3, the chemical potential defined above
becomes for the top (t), bottom (b) and sidewall (s) planes [25]:

tb=poExyR0/lhb;  Hs= Ko 4)
whereé is the sidewall orientationy = 2(ys/ Siné — yp/tand), +(—) refers to the top (bottom)100)-oriented facetit(l)
is the width of the top (bottom) facet, ang= yy. Note thatut > g, andup < 1o, (see Fig. 3(c)). This chemical potential
profile determines adatom capillarity fluxggsowards the bottom of the groove, which increase as the profile becomes sharper.
The growth ratesR; (i =t,b,s) at the different facets (along the growth direction) are derived from equation (4) using the
Nernst-Einstein relation (1) and the diffusion Eq. (2). Here the gradients are approximated by differences between the values
of the relevant quantities on the two boundaries of each facet. Using in Eq. (2) the depositiaBgétes 29Jg - r; on each
facet in the absence of capillarity fluxes, witty Jg being the ‘nominal’ deposition rate on a plariaf0 reference sample, we
obtain [22]:

Cc
Rip = $20Jo (rb + rST>; Rs= £20Jors, (5)
IFp
whereC =22qDsty / kT, Dsis the diffusion coefficient on the sidewallsjs the lifetime for adatom incorporation (adatom
desorption is neglected), ang= r, since these facets have the same crystallographic orientation.

e
Hs
Ho

Fig. 3. Schematic groove profiles composed of three facets (not to scale). (a) Evolution of the growth front as commonly observed in MOCVD.
(b) The same for MBE. (c) Chemical potential at each facet [22].
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Self-limiting evolution is achieved at the top or at the bottom if the corners between the sidewalls and the top (bottom) facets
propagate in the growth direction, i.e., wh8n= Rs (Rp = Rs). Using Eq. (5), this defines the self-limiting widths of the top
and bottom facet@'b as:

= (Cre/(=am)3 B = (Cre/ant3, (6)

with Ar =rs — rt p representing the growth rate anisotropy. Thus, to obtain self-limiting growth at the top (bottom) of the
groove,Ar must be negative (positive). Farr > 0 the additional, capillarity-induced growth rate (dashed arrow in Fig. 3(a))
adds to the intrinsic ong, to exactly balances, sincers > rp. On the other hand, capillarity leads to a decrease of the top
growth rate and therefore to an expansion of the top facet. This is the behavior observed in the MOCVD growth on patterned
profiles shown in Fig. 2. Note that, fétr < 0, exactly the opposite behavior is expected (see Fig. 3(b)). This has been observed
in Molecular Beam Epitaxy (MBE) growth of GaAs/AlGaAs on corrugaté® 0 substrates, where self-limiting formation of
QWRs at the top of the mesas has been obtained [18]. This different behavior for MOCVD and MBE, which is explained in the
present model as due to the opposite sigief is a result of the higher dissociation rate of the precursors during MOCVD on
the densely stepped groove sidewalls. MBE growth, on the other hand, leads to slowly gfb¥vi)é or B sidewalls. Finally,

the possibility of aglobal self-limiting behavior throughout the whole of the grooved profile is excluded by the model (nor has
ever been experimentally observed), since either the &ase 0 or Ar < 0 can be realized during growth.

In an alloy, for a given profile (i.e. for a given chemical potential gradient), Eq. (1) predicts that capillarity fluxes towards
concave regions, being proportional to the diffusion coefficibntare larger for species with larger surface diffusion. This
explains qualitatively the formation of the Ga-rich VQW at the bottom of the grooves (and as well of the Al-rich region that can
be seen as a lighter grayscale at the top of the mesas in Fig. 2(a), forming in particular cases a ‘vertical quantum barrier’ [26]).
This compositional non-uniformity increases the entropy of mixing of the surface. We will now examine the effects of the
related term in Eq. (3) on the self-limiting profile, limiting the discussion to the bottom VQW. The (lower) Al mole fraction at
the bottom facet can be expressed empiricallygs x/[x(1 — k) + k)], wherex is the mole fraction at the nearby sidewalls,
andk is a parameter larger than one, measured ta®&&40.05 for MOCVD growth at 700 C. Using this variation, the growth
rates at the bottom facet assume the form

iSlo\3 LA
:x90]o|:r€+ArA<%> +2<l ) In(x(l—k)+k)],
b

b
Be\®  _(LS\2 x1—k) +k
RS =(1—x)20Jo|rS+ arS( 2E) 42 =Pkt

lp lb k
with the indexes A and G referring to AIAs and GaAs growth, respectively. By assuming that the composition on the sidewalls
is equal to the nominal one, the equalization of the growth rates on the different facets, leading to a self-limiting bottom profile
lg' yields, for an alloy:

@)

= + b Ar(x), with

@GH @z
a=xarAS )3+ (-0 ArCEE )3, o
b= 2(x(Lé‘)zln(x(l — ) +K) + (L—x)(L$)2In ﬁﬂ)

Ar(x) = xAr® + (1 — x)ArC,

wherel b.A andl ¢ denote the self-limiting facet widths for the binary AlAs and GaAs compounds, respectively. The self-
limiting profile of an alloy is therefore determined by the interplay among the effects of capillayitgntropy of mixing(b)
and growth rate anisotropiAr (x)).

The approach outlined above can account for the phenomenology of self-ordering in nonplanar epitaxy; furthermore, it can
as well be compareguantitatively to the observed growth profiles, and used to gain knowledge on some kinetic parameters. As-
suming an Arrhenius temperature dependendescf Dgexp(—Eg/kgT), with Eg the diffusion barrier on the sidewalls in the
direction perpendicular to the groove axis, Eq. (6) predicts a temperature dependence essentially of the(fofip &Sp T)
for ls in a single binary compound. For alloys, tiledependence dlg' given by Eqg. (8), is more complicated, but shows
qualltatlvely a similar behavior deriving from the Arrhenius formlﬁf lb o LA and LG The measured variation of the
bottom self-limiting profile withT is shown in Fig. 4(a) for GaAs and ABal_xAs W|th x =0.19, 0.29 and 0.47 and for
600°C < T < 750°C. The Arrhenius fit for GaAs glveEB =194 0.3 eV, while least squares fits of the A& _ . As pro-
files yield, consistently for the three compositioﬁ@ = 2.3+ 0.2 eV. This difference between the GaAs and AlAs diffusion
barriers is consistent with stronger Al-As bonds, as compared with Ga—As ones, giving a much larger diffusion length for Ga,
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Fig. 4. (a) Arrhenius plot of the bottom self-limiting width for ABa _ , As alloys with composition ranging from= 0 tox = 0.47. As the

bottom facets could not be readily resolved for very narretQ nm) profiles, we have characterized the groove width in that case by the radius
of curvaturepg) for a hyperbola tangent to the surfagg is related tdg' via a simple geometrical factor. Solid lines are fits of the experimental
data with Eq. (7) (GaAs) and Eq. (8) (&6a _ ,As). (b) Measured as a function effor 7 = 700°C. The solid line is a fit of the data with

the function defined in Eq. (8). Long-dashed and short-dashed lines, delimiting the shaded region, represent the hypothetical depﬁhdence of

onx by neglecting the entropy of mixing effects, and settmgG =0.22 andAr® =1 or Ar® — 0, respectively (see text for details) [22].

with respect to Al. This is in qualitative agreement with findings on pl&h@6) surfaces both for MBE and MOCVD; however

more quantitative comparisons would not be reliable, due to the wide range of experimental results reported in the literature.
The importance of entropy of mixing effects can be appreciated by modeling the dependence of the alloy self-limiting profile

as a function of the Al composition. The circles in Fig. 4(b) show the measured profiles,f@G=AL , As alloys (circles) at

T =700°C. These values can be fitted with the solution of Eq. (8), where the GaAs and AlAs self-limiting widths- arah

be fixed to their measured values. At 7@Dit was found th S,IG =129+3nm andlng =9.1+£0.1 nm. Regarding the growth

rate anisotropies, onI;ArG was measured and found to be largely independet okrC = 0.22+ 0.05); however, the fit is

almost insensitive ta\r” in the whole interval 6< ArA < 1. Since(L$)2 > (L4)2, the AlAs term appearing in the terbnin

Eq. (8) can be neglected, thus any entropy-related compositional variations in the VQW are asdBadifftesion away from

the bottom. This leaves$ as the only fit parameter, found to B§ = 175+ 20 nm. This value is lower than that estimated on

(100 surfaces, [27], as expected for a densely stepped, high-index facet. To estimate the importance of the entropy effects, we
also represent by the shaded area in Fig. 4(b) the best fil§' foeglecting the ternd in Eq. (8) and setting&rG =0.22, with

the boundaries corresponding to the extreme casés= 1 (long-dashed line) oAr” = 0 (short-dashed line). The measured

alloy self-limiting widths are systematically smaller than the ones predicted neglecting the entropy term.

Finally, by combining the relations that describe bottom growth rates and self-limiting profiles, it is possible to model
guantitatively the evolution from an AlGaAs self-limiting profile to the GaAs one, and back to the AlGaAs one [22,23]. The
model developed above can be employed to elucidate the self-ordering of quantum nanostructures relying on self-limiting
surface evolution. The fact that the self-limiting width increases with the group-Ill diffusion length explains directly the self-
ordering of crescent-shaped QWRs grown on V-grooves. Thus, growing a low bandgap semiconductor layer characterized by
longer Ls on a self-limiting higher bandgap surface (e.g., GaAs on AlGaAs, InGaAs on GaAs) leads to the expansion of the
bottom facets and the experimentally observed formation of a QWR. The same model could be extended to a two-dimensional
profile to explain the self-formation of QD structures obtained by MOCVD in inverted tetrahedral pyramids [19].

3. Artificial surface structuration at the nanometer scale
3.1. New lithographic methods to shrink dimensions

At the nanometer scale, the use of curvature to steer the self-organization motivates the development of new high-resolution
nanopatterning processes based orbtitom-up approach and compatible with very large scale integration (VLSI).

Quite recent methods transfer the order obtained by spontaneous organization of polymer phases. As an example, the self-
assembled phase separation under annealing of diblock copolymers — a mixture of polystyrene and PMMA molecules — onto a
thermal oxide on a silicon substrate leads to nanoscale PMMA cylinders in a polystyrene matrix. Removing the PMMA with an
organic solvent leaves a porous polystyrene film acting as a sacrificial layer to define nanocrystals or to develop a template for
growth [28]. More generally, surface relief patterns on polymers are also successfully employed as a substrate for a template—
directed crystal assembly with the control of spacing and depth of the grooves [29]. Capillary force, depending on the surface
morphology, works, for example, as a driving force for making dense colloidal arrays obtained by chemical synthesis. These
colloids can then be used directly for their individual physical properties, for example ultimate magnetic recording [30], but
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also as a mask for reactive ion etching to obtain nanopillars [31] or for selective deposition of metals or semiconductors, as it
has been demonstrated for latex nanospheres [32,33].

More recently, biomimetic nanofabrication has been developed to obtain versatile substrates for templated assembly of
organized arrays of molecules as well as metal and semiconductor nanoparticles. Some examples use bacterial surface protein
layers (S-layers) to form crystalline two-dimensional (2D) structures composed of a single (glycol-) protein species [34]. These
arrays have a well-defined symmetry and the unit cell dimensions can be controlled in the range 3—30 nm with the protein strain.

Another nanopatterning method that can be applied on large areas uses the instability resulting from the dependence of the
erosion rate of an ion beam on the surface curvature: a protusion erodes more slowly than a depression [35]. A convenient choice
of the angle of incidence can create regular surface morphologies ranging from ripples to pyramids. Under normal incidence,
isotropic patterns of nanometer-scale mounds form on Si [36] and GaSb or InSb [37]. These structures should be used in the
near future for overgrowth positioning after removing structural surface defects.

Nanoscale strain patterning is also developed to overcome the size limitation of optical lithography. In the case of coherently
grown nanostructures, the elastic coupling between the deposited nanostructure and the surface strain field strongly modifies
the local strain energ¥s(x) involved in the chemical potential. It may play a more important role than atomic steps or other
surface defects.

3.2. Implantation and ion engineering

In this section, we describe strain engineering on Si substrates as a way to control self-assembled Ge nanostructures. Nucle-
ation sites of the Ge dots on(8i0 1) are sensitive to the strain field of the substrate. This was shown in multilayers consisting of
Ge-island layers and Si-spacer layers [see Ref. [38] and the contribution of G. Springholz in this issue]. In this case, Ge island
nucleation takes place preferentially just above the embedded Ge islands. A method based on this mechanism has been devel-
oped to artificially control the strain distribution on Si surfaces using oxygen ion implantation [39]. The process is illustrated
in Fig. 5. Oxygen ions were implanted through an oxide mask formed by the standard Si process, and then the substrates were
annealed at 1325C to form buried oxide inclusions. Since the volume of a given inclusion is approximately double its Si con-
tent prior to implantation, a strain field is generated by the oxide inclusions. In these experiments, oxygen ions were implanted
at energy of 180 keV. Under this condition, the implanted oxygen atoms were distributed at depths of 200-500 nm, and SiO
inclusions were produced at a depth of about 300 nm after a high-temperature annealing. The dosel@sscin—2. The
inclusions are too small to be observed in standard transmission electron microscopy cross-section, but atomic force microscopy
shows that the surface rose about 1-2 nm in the implanted regions. Therefore, point stressors can model such inclusions in the
calculations of the total strain function. The Si@clusions are thermally stable and therefore any subsequent processes can
be achieved upon this substrate. For example, this technique can be used for the study of shape and the arrangement of atomic
steps modulated by the artificial strain field, though the experiments require a high temperature annealing suctC4gl@R30

The strain-distribution-controlled substrate is applied to Ge dot positioning. Fig. 6 shows an example of Ge island arrange-
ment grown on S0 0. In this region, the oxide inclusions were buried using 1.5 um width line patterns as the implantation

D+
(a) Mask formation l l l l l l l (I:I)Patlicm..ingand .
oxygen ion implantation
e—cvD 510, 1 D
A T T ‘—PD]Y-S] FTT
\T_hm“ﬁl oxide COT  (¢——— Implanted regions
Si substrate
() Annealing at 1325°C (d) Mask removal
D Frr
eee e+ (nade inclusions soe o o distrbution
controlled surface

Fig. 5. Schematic illustration of the fabrication process of the strain-distribution-controlled substrates using spatially-selective nxygen io
implantation. (a) Multi-layered mask structure for the ion implantation. It consists of a thick CVD-grownl&i€x for regulation of the ion
implantation range, a polysilicon layer for etch-stop in the removal process of the CVPI&Si€r, and a thin thermal Siayer for surface
protection. (b) The CVD-Si@mask patterned by optical lithography and oxygen ion implantion. (c) Annealing at high-temperatures, such as
1325°C. (d) A strain-distribution-controlled surface after etching the whole mask layers.
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Fig. 6. AFM image (8< 8 un?) of the surface after Geis-  Fig. 7. Plot of the total strain function evaluated on the surface (a) and its cross
land growth on a strain-distribution-controlled($0 0 section (b). The vertical scale is in a dimensionless unit€Ln this calcula-
surface. Ge islands were grown with a deposition cover- tion, we used an array of the point inclusions as shown in the inset of Fig. 7(b).
age of 7.5 ML (63 x 1014 atomgcn?) at 550°C using ~ The total strain function was defined as a sum of the individual strain functions
solid source molecular beam epitaxy. These islands (alsocorresponding to the single point inclusions. This model is justified by the small
called ‘domes’) are coherently strained on the surface. size of oxide inclusions that can be regarded as point stressors.

windows. This result demonstrates that artificial control of the strain field distribution is effective in forming a regular arrange-
ment of coherently grown Ge quantum dots of0$i1).

The strain distribution was calculated from the trace of the two-dimensional strain-tensor evaluated in the surface plane that
is expressed as [41]

c 312
e, y) = (x2+y2+L2)3/2[(x2+y2+L2) 1]’ ©)

wherex andy are orthogonal distances in the surface plane from the place directly above a point inclusion at/a depliti
is a constant related to elastic coefficients. Fig. 7 shows a 3D representation and a cross-section plot of the total strain function
using Eq. (9) for the case of the linear array of point inclusions arranged in the implanted region as shown in the inset of
Fig. 7(b). Note that two aligned lines of Ge dots are expected from the simulation result. The observation of mono-disperse
Ge dots aligned in regular chains is probably due to diffusion and interaction effects along these lines. From micro-Raman
spectroscopy measurements, we estimated that the maximum in-plane tensile strain is smaller than 0.01% [40,42]. This result
suggests that strain effect to nanostructure self-assembly is remarkably large even if the strain is small.

The strain effect has a variety of aspects for self-assembled Ge nanostructures on Si surface other than the nucleation sites.
A strain magnitude determines the size of Ge nanostructures and its symmetry influences the shape. Since the coherently grown
Ge nanostructures induce in-plane strain on the substrate surface, interaction between the nanostructures are generated througt
the substrate strain. These aspects are well demonstrated in Ge nanowires on Si(113) surfaces [43].

3.3. Etching of buried dislocation networks

The use of buried dislocation networks to control the nucleation of nanostructures has been first demonstrated in metallic
systems [44]. This approach needs a very fine-tuning of elastic fields and dislocation arrays. With standard lattice mismatch
heteroepitaxy, networks may be very regular, but the dislocation spacing is directly related to the misfit of the layers [45].
The use of alloys to adjust the misfit to obtain a given spacing is difficult especially in semiconductors where the classical
cross-hatched pattern is not enough regular [46].

It has been shown recently that specific molecular bonding of flat and clean Si surfaces may generate a buried array of
dislocations with a controlled periodicity [47]. The principle of the process is shown in Fig. 8 and can be summarized as
followed. After surface preparation and graduated scales patterning, a single silicon (001) wafer is cut into two ‘twin’ slices
with an implantation process. These ‘twin’ surfaces are bonded again with a controlled relative in-plane rotation between
them. A high-temperature annealing results in a self-organization of interfacial screw dislocations in a very regular square
network [48,49]. These defects induce internal stresses in the bonded material, which propagate with an exponential decay
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Fig. 8. Principle of the method used to obtain a twist-bonded sample with a controlled angle (a—c) and of the dislocation selective etching
(d). Alignment marks are etched on the substrate that is implanted by hydrogen (a). A Si wafer is added (first bonding) to handle the sample
during the separation process by annealing (b). The rotation is controlled with alignment marks under infrared light, and the second bonding
is performed (c). This steps leads to the dislocation network formation. The wafer is thinned by conventional method then a strain-selective
etching reveals the buried dislocation (d).

Dislocation network creation

through the bonded layer up to the surface of the sample [50,51]. At the surface, the stress-maximum depends on the nature of the
dislocation network (edge or screw components see [51]), and on the geometrical parameters such as the network geriodicity
the bonded layer thickne#s and the ratidz/A that defines the screening of the elastic fields. In the limit of small angles and

for a/2 [110] Burgers vector (twist screw-dislocation),is inversely proportional to the rotation angle which is controlled

with an accuracy of 0.005(A ~ a/(+/2v)). It is thus possible to tune the periodicity of the dislocation network from a few
nanometers up to micrometers. It is worth noting that low-angle bonding does not induce other defects at the interface, except
some residual atomic steps. The direct Ge growth on smooth surface with buried screw-dislocation array has been attempted,
but only a short-range order has been obtained. Etching has proven to be more selective to change first the surface morphology
before the Ge growth. The upper silicon wafer and the oxide layer are then etched in a subsequent step [52,53] until the stress
pattern is revealed at the surface (see Fig. 9). The etching solution consists of a strain-dependent mixture of oxidizing and
complexing chemical reagents, typically a mixture of nitric, hydrofluoric and acetic acid, or a mixture of chromium oxide and
hydrofluoric acid [53]. During the etching process, the local variations of the layer stress induce variations of the reaction rate,
thus developing a final roughness correlated to the dislocation periodicity. The rate of the etching reaction is the product of a
mobility term depending on the stress tensor by a non-linear kinetic term depending on the etching driving force. This driving
force takes into account the free energy difference between solid and solvated silicon, the local elastic energy and an energy
term related to the curvature of the surface [54] (see Section 2). Calculation of the local variations of the etching rate is difficult
because the evolution of the surface morphology during etching induces modifications of the stress field. However, we have
shown that this low reaction rate is sensitive to minor energy variations [53]. In the example shown in Fig. 9(a), the bonded
layer thickness is decreased from an initial value of about 100 nm to less than 30 nm. The scanning tunneling microscopy
(STM) image of a nano-patterned silicon surface consists of a square array of regularly spaced silicon nano-structures, with a
lateral period of 25 nm consistent with the bonding anglé e 0.88°, and an average height of about 5 nm. The periodicity

of the initial buried dislocation network obtained before the thinning process is conserved as confirmed by grazing incidence
X-ray diffraction. This surface preparation (nitric, hydrofluoric and acetic acid mixture) gives rounded and smooth bumps at
the surface [53]. As shown in Fig. 9(b) fgr = 1°, the use of different chemical etchings (chromium oxide and hydrofluoric

acid mixture) [55] leads to narrower and less deep (1.5 nm) trenches and to a relatively large surface roughness at the top of the
mesas (about 0.4 nm). According to the arguments developed in Section 2, the epitaxial growth on these two surfaces should not
be similar. This behavior has been confirmed by the growth of 9 A of germanium by molecular beam epitaxyG{g@@vth

rate 0.7 A/min) i.e. above the standard Stranski—Krastanov transition occurring at about 0.5-0.6 nm for the same temperature on
a flat surface. For the rounded mesa, an original growth mode is observed with flat and rectangular germanium islands localized
on top of the silicon bumps (see Fig. 9(c)). In contrast, the same deposition conditions on a flat substrate result in randomly
distributed ‘hemispherical’ islands (16 nm in diameter). This original growth mode might be explained by the elastic relaxation

of the germanium dots induced by the morphology of the silicon pattern. It has been confirmed recently by atomistic calculation
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(b) )

Fig. 9. STM images of the initial patterned Si-surface obtained by wafer bonding and strain selective etching (a, c), and of the deposition of
9 A of Ge at 490°C on these surfaces (b, d). For (a) (resp. (c)), the bonding angle5i€.88° (resp. 1.008), the nanostructures are 5 nm

(1.5 nm) high and are separated by about 25 nm (22 nm). (a)-surface is etched with a mixture of nitric, hydrofluoric and acetic acid, and (c) with
chromium oxide and hydrofluoric acid. Similar growth conditions give a single Ge dot per mesa in (b) and 4 to 5 dots per mesa in (d). Etched
dislocation lines (drawn in white in the insets) are along[th#0] and[1—1 0] average directions of the bonded crystals.

that the standard 2D—3D transition of Ge quantum dots can be delayed or inhibited simply due to the elastic relaxation allowed
by the edges of the mesas [56]. Rougher mesas shown in Fig. 9(b) give more nucleation sites that initiate the growth of 4 to 5
dots per mesa (see Fig. 9(d)) [57]. The dot coarsening occurs at the function of annealing temperature [55], and one dot per mesa
is obtained for an annealing of about one hour at“25In this process, the depth of the trenches acts as a diffusion barrier to
prevent large islands coalescence (the standard ‘dome morphology’ is not observed), and interdiffusion between the dots and
the substrate plays probably a major role in the relaxation mechanism. The quantitative evaluation of the strain and composition
in the dots can be performed by Anomalous Grazing Incidence X-Ray Diffraction (GIXRD) (see [58] and T. Metzger et al.’s
article in this issue).

4. Conclusion

It has been shown that the interplaytop-down andbottom-up approaches that couple surface nanopatterning with self-
organization opens new opportunities in future semiconductor technologies. In particular, the narrow size distribution can be
induced by the regularity of the pattern, thus avoiding any statistical broadening in the measured properties. In the semiconductor
surface nanostructuring presented in this paper, the effects of capillarity, growth rate anisotropy, entropy of mixing for alloys
and strain relaxation directly determine the shape, density and location of deposited materials. Many other designs of specific
surfaces not discussed in this paper (see for example the controlled step arrangements [59—-61]) open new routes to nanostructure
the surface for epitaxial growth. In this way, the morphology and surface stress engineering constitute a general approach to
assembling nano-materials in well-defined networks, with the high density required by applications. This approach is of course
not restricted to the deposition of semiconductor materials; it can also be used for organizing catalysts for nanotube or nanowire
growths, magnetic materials for ultra-high density magnetic recording, as well as organic and non-organic molecules.
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