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Abstract. With decreasing system sizes, the mechanical properties and dominant deformation mechanisms
of metals change. For larger scales, bulk behavior is observed that is characterized by a preservation and
significant increase of dislocation content during deformation whereas at the submicron scale very localized
dislocation activity as well as dislocation starvation is observed. In the transition regime it is not clear how
the dislocation content is built up. This dislocation storage regime and its underlying physical mechanisms
are still an open field of research. In this paper, the microstructure evolution of single crystalline copper
micropillars with a 〈110〉 crystal orientation and varying sizes between 1 and 10 µm is analysed under
compression loading. Experimental in situ HR-EBSD measurements as well as 3d continuum dislocation
dynamics simulations are presented. The experimental results provide insights into the material deformation
and evolution of dislocation structures during continuous loading. This is complemented by the simulation
of the dislocation density evolution considering dislocation dynamics, interactions, and reactions of the
individual slip systems providing direct access to these quantities. Results are presented that show, how the
plastic deformation of the material takes place and how the different slip systems are involved. A central
finding is, that an increasing amount of GND density is stored in the system during loading that is located
dominantly on the slip systems that are not mainly responsible for the production of plastic slip. This might
be a characteristic feature of the considered size regime that has direct impact on further dislocation network
formation and the corresponding contribution to plastic hardening.
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1. Introduction

Plastic deformation of bulk metals is usually a smooth process due to the large dislocation
content of the crystal. As the specimen size decreases to or below the micrometer scale the
properties of deformation change profoundly in many aspects. First of all, as it was shown by
compression experiments of single crystalline micron and sub-micron sized pillars (called micro-
or nanopillars, respectively), deformation gets localized in distinct slip bands giving rise to an
inhomogeneous slip surface [1]. Secondly, these distinct slip bands appear in an intermittent
fashion in the form of sudden strain bursts that lead to jerky and stochastic stress–strain curves
[2]. Finally, the strength exhibits inverse dependence on the specimen size in this regime, a
phenomenon called size effect [3].

The reason for these specific properties of submicron-scale deformation is that the number of
dislocations in the volume is rather limited. In bulk samples, upon loading, dislocations move,
interact and multiply in the crystal and build up complex structures called dislocation patterns
which have a fundamental influence on the mechanical response. In the case of nanopillar com-
pression experiments, however, most of the dislocations can escape the sample before being able
to multiply or interact with other dislocations. This process has been termed dislocation starva-
tion [4, 5] and results in a limited amount of possible dislocation sources where accumulation of
plastic strain is possible. In addition, due to the small specimen size, these sources are typically
harder to activate compared to their bulk counterparts, giving rise to the so-called source trunca-
tion hardening [6]. Due to the depletion of the dislocation content from the sample strain hard-
ening is often not observed at this scale. These processes have been successfully modelled with
discrete dislocation dynamics (DDD) simulations that track the motion of individual dislocation
lines [7, 8] and the size effects were explained in terms of weakest link arguments [9–11].

In this paper we investigate the intermediate, so far less understood, size regime between the
bulk and the dislocation starved limits. Here a significant dislocation content is preserved or built
up in the sample during deformation but several properties of nanoscale plasticity summarized
above still prevail. This dislocation storage regime can be observed for micropillars with diam-
eters larger than ∼1 µm. Here we focus on the deformation of face-centered-cubic (fcc) cop-
per single crystals oriented for multiple slip since in such a case dislocation reactions have the
strongest influence and are expected to play an important role in dislocation storage. In bulk it
is known for decades that under such conditions a cellular pattern develops [12–14] that exhibits
fractal character [15, 16]. Several experimental methods have been applied to assess how this
morphology changes at the micron scale and how that influences the plastic response. From post
mortem transmission electron microscopy (TEM) measurements conducted on compressed mi-
cropillars Zhao et al. concluded that the transition between bulk and dislocation starved regimes
takes place between 1 and 5 µm, where the gradual development of a complex cellular structure
is seen as the sample diameter increases [17]. According to a box counting analysis the pattern is
self-affine with a fractal dimension comparable to that of bulk samples [15]. With increasing di-
ameter they also observed the decrease of strength and strain burst sizes and the increase of strain
hardening [17]. These observations are in line with previous investigations performed on Ni mi-
cropillars [18]. To determine the type of the dislocations Kiener et al. applied electron backscat-
ter diffraction (EBSD) and conducted DDD simulations to conclude that a significant amount of
geometrically necessary dislocation (GND) density builds up during deformation [19]. In situ mi-
crodiffraction experiments of Maaß et al. also reports about the development of an inhomoge-
neous stress state and a large GND density in Cu pillars under multiple slip [20]. In a similar ex-
periment performed on tensile specimens oriented for single slip Kirchlechner et al. concluded
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that although slip occurred on the primary slip system, GNDs were generated and stored in a
large number on the inactive slip systems [21].

To date, no experimental method is available that could fully resolve the internal microstruc-
ture in a micropillar in the dislocation storage regime. During the preparation of TEM lamellae
the micropillar is destroyed and some dislocations may leave the thin TEM foil before imaging.
X-ray measurements, on the other hand, can be performed in situ and the beam may penetrate
through the whole sample, but one can measure only average microstructural properties along
the beam. Recently a new methodology of high (angular) resolution EBSD (HR-EBSD) has been
established that is capable of determining the GND content to high precision on a surface of a sin-
gle crystal using a cross-correlation based technique on the recorded Kikuchi patterns [22,23]. In
addition, individual components of the dislocation density tensor, that characterizes GND den-
sity along with the average local Burgers vector direction, can also be obtained which helps in
identifying activated slip planes in the crystal [24, 25]. This method has been recently applied by
Kalácska et al. to investigate the dislocation structures developing in Cu micropillars oriented for
multiple slip [26]. Serial focused ion beam (FIB) sectioning was applied and the HR-EBSD mea-
surement was performed subsequently on each surface in order to obtain information in three
dimensions (3d) about the microstructure. A well-developed dislocation cell structure was found
in deformed pillars but with significantly lower GND density than that of bulk samples which was
found to explain the simultaneous observation of strain hardening and size effects. In summary,
the experimental investigations suggest the development of a complex dislocation structure in
micropillars in the storage regime with a considerable GND content.

The objective of the present paper is to provide further insight on the dislocation microstruc-
ture being developed in the dislocation storage regime. We intend to answer the question whether
a significant amount of GNDs form upon deformation (although this is not really expected for
uniaxial compression) and if so, in which slip systems these dislocations accumulate. To this end,
we perform experiments on Cu single crystals oriented for multiple slip to study the formation
of the dislocation pattern in situ at different micropillar sizes. We show that, as suggested earlier,
with increasing diameter a gradually evolving cellular structure can be observed with a significant
locally varying GND content. The Burgers vector analysis suggests that GNDs primarily form on
inactive slip systems characterized by low values of the Schmid factor.

In order to explain this somewhat counter-intuitive experimental result we will also perform
computational modelling of the microstructure and its influence on the corresponding plastic re-
sponse. Several approaches are available on various scales to model the evolution of the internal
dislocation structure. Molecular dynamics and DDD simulations have been used extensively to
understand the specific features of nanoscale plasticity summarized above [7,8,27–35]. However,
limitations in computational power prohibits their use at pillar sizes and strain rates investigated
in this paper. One, thus, cannot model the evolution of the system on atomic scales or at the level
of individual dislocations but needs to use tools on higher scales. In this paper we employ contin-
uum dislocation dynamics (CDD) simulations that consider the evolution of the system in terms
of smooth density fields of discrete dislocations. One of the first CDD models was developed by
Groma and co-workers in two dimensions (2d) and was derived using statistical physics con-
cepts from the mobility law of individual straight dislocations [36, 37]. Although these 2d models
are able to capture dislocation patterning of straight edge dislocations in single slip [38, 39], by
construction they cannot account for, e.g., dislocation reactions, cross slip and multiplication,
mechanisms that are expected to play a key role under multiple slip conditions. In 3d, inspired
by the pioneering work of Groma, Hochrainer and co-workers formulated a CDD theory that is
based on the kinematics of curved dislocation lines and, as such, takes into account disloca-
tion curvature and the spatial evolution of homogenized dislocation microstructures [40–42]. To
properly describe the dynamics of the system and the interaction between multiple slip systems,
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Figure 1. Representation of the real and modelled micropillars as well as the description of
the slip systems and their Schmid factors for an ideal uniaxial stress state (σy y ). Throughout
the paper the results will be presented using the x y z coordinate system attached to the
micropillar and shown in the sketch. Note that this is different from the crystal coordinate
system which is rotated as shown by the given Thompson tetrahedron.

a flux-based discontinuous Galerkin scheme has been introduced in [43] and stress terms related
to specific dislocation processes have to be introduced in a phenomenological manner. Recently,
such formulations were developed to account for cross-slip and glissile dislocation reactions [44]
and dislocation sources [45]. The comparison of the results with DDD simulations showed that
the proposed scheme yields a physically correct representation of the interplay between disloca-
tion densities on different slip systems. As such, the 3d CDD model has become capable of being
successfully applied to realistic deformation problems, like torsion of microwires [46].

The paper is organised as follows. In Section 2 the experimental methods related to micropillar
fabrication, subsequent compression, and determination of the internal GND content as well as
the basics of the CDD simulations are described in detail. Results obtained by experiments and
simulations on the stress–strain response, size dependence and the internal microstructure are
presented in Section 3. This is followed in Section 4 by an in-depth discussion of the dislocation
mechanisms found to play a key role at the investigated size regime and their influence on
the observed deformation behaviour. The paper concludes with a summary on remaining open
questions and an outlook to future research directions.

2. Methods

2.1. Considered system

In order to get insights into the deformation mechanisms and the underlying microstructure
evolution of fcc single-crystals at the micron scale, this paper focuses on the compression of
copper micropillars oriented for multiple slip by a 〈110〉 crystal orientation as shown in Figure 1.
The micropillars have varying sizes in the a = 1–10 µm regime and an aspect ratio of height:width
between 2:1 and 3:1 (the latter being shown in Figure 1). In addition to the crystal coordinate
system (represented by the Thompson tetrahedron in Figure 1) we introduce an x y z coordinate
system attached to the micropillar as shown in Figure 1. Both experimental and simulation results
are to be presented in this frame throughout the paper. The slip systems are named according to
the Schmid–Boas notation [47] with letters (A,B ,C ,D) for the slip planes and numbers for the slip
directions.

C. R. Physique — 2021, 22, n S3, 267-293
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Considering the Schmid factors, four slip systems {B2,B4,C 1,C 3} can be identified to play
a primary role for a 〈110〉 crystal orientation, while the other slip systems are expected to be
mostly inactive. Dislocations on primary slip systems may be able to interact with each other
by Lomer and Hirth reactions additionally to coplanar and self-interactions. Expecting the same
amount of plastic slip on all four primary slip systems would result in a plastic distortion tensor
containing only positive ex ⊗ ex and negative ey ⊗ ey components. Consequently, the trace of
plastic distortion disappears and the volume is preserved. Considering possible interactions of
inactive slip systems, i.e. {A2, A3, A6,B5,C 5,D1,D4,D6}, with the expected primary slip systems
{B2,B4,C 1,C 3}, the inactive slip systems can be divided into three groups: {B5,C 5} sharing the
same slip planes, {A2, A3,D1,D4} sharing the same Burgers vectors, and {A6,D6} sharing neither
the slip planes nor the Burgers vectors.

2.2. Experiments

For the in situ experiments a previously heat-treated copper single crystal sample was used [26],
where an orientation was set in accordance with the previous section. A sharp perpendicular edge
of [11̄0] orientation was prepared by low-energy Ar ion milling at 6.5 kV, 2.4 mA using a Leica EM
TIC 3X polisher. FIB milling was then applied to create square shape micropillars close to the
edge in lathe milling position [48] using a Tescan Lyra3 scanning electron microscope (SEM). In
order to reduce Ga+ ion implantation to the surface, FIB voltages and currents were subsequently
reduced from 30 kV, 10 nA to 5 kV, 60 pA as the polishing got closer to the final pillar shape.
This way pillars with approximate sides of 1–1.5 µm, 3 µm, 6 µm and 10 µm were created with
negligible tapering and height:width ratio of 2:1 to reduce bending upon loading. Furthermore,
several pillars were prepared with the height:width ratio of approx. 3:1.

Mechanical tests were performed using an Alemnis in situ nanoindentation platform (Alemnis
AG Switzerland) [49]. The in situ frame allowed HR-EBSD mapping while the pillars were kept un-
der load. The targeted maximum deformation for larger pillars (3–10 µm) was 10%, whereas the
smallest pillars were deformed up to ∼5–10% with strain rates smaller than 10−3 1/s. Conductive
diamond flat punch tips ranging from 5 µm to 25 µm in diameter were used during the experi-
ments. Mechanical data collected during the compression experiments were analysed by Alemnis
AMMDA software. Appropriate corrections were made on the original load-displacement data,
including pillar sink-in correction by the Sneddon method [50].

EBSD diffraction patterns were recorded with an Oxford Instruments Symmetry detector
(AZtec v4.2 software) and an Edax DigiView camera (OIM Data Collection v7 software). During
EBSD mapping an electron beam of 20 kV, 10–12 nA was used. HR-EBSD evaluation was car-
ried out with the BLG Vantage CrossCourt v4 software. Cross-correlation image analysis was per-
formed on 20 regions of interest chosen from all diffraction patterns. The components of the dis-
location density tensor (see below) were calculated by a C++ program written by the authors.

In the paper the dislocation density tensor α [51–53] is utilized to characterize the GNDs,
defined as

αi j =
∑

t
bt

i l t
j%

t , (i , j ) = x, y, z, (1)

where dislocations are characterized by their Burgers vector bt and line direction lt for different
t types of dislocations. The sum is over all types of dislocations present in the sample, and %t

denotes the density of dislocations of type t .
As a result of the HR-EBSD measurement one obtains the nine independent components of

the elastic distortion βel. Consequently, the full elastic deformation rather than the lattice curva-
ture is used here to calculate the alpha tensor. Information about the measurement accuracy of
HR-EBSD compared to EBSD is given in [54]. The values measured at every single point in a 70°
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sample tilt typical for HR-EBSD correspond to an average in a surface of around 40×120 nm2 and
the detected backscattered electrons originate from the first ∼50–100 nm region below the sur-
face [55]. Due to the chosen sample geometry, HR-EBSD measurements could only be performed
on the [11̄0] surface of the micropillars (that is, the z = 0 plane), and thus components ofβel were
only available as a function of x and y (using the coordinate system of Figure 1). The α tensor is
linked to the elastic distortion βel as

αi j = (curlβel)i j =−εkl j∂kβ
el
i l , (2)

where curl describes the postcurl operator [56], εi j k denotes the Levi-Civita symbol and Einstein
summation rule is assumed. Since the HR-EBSD measurement only yields data in the x y plane
and derivation cannot be performed along the z direction, only three components of theα tensor
can be determined experimentally, namely [57]:

αi z = ∂yβ
el
i x −∂xβ

el
i y , i = x, y, z. (3)

Another procedure to get a lower bound estimation for the GND density can be done by uti-
lizing an optimization method to minimize the total dislocation line energy (L1 optimization
scheme) [58]. Terms that cannot be measured are set to zero, and only pure edge or screw dis-
locations with the same magnitude of Burger’s vector are considered to be present in the sample.
These estimations lead to distinguish edge and screw dislocations based on their energies:

Eedge

Escrew
= 1

1−ν , (4)

where ν is the Poisson number.
Furthermore, we defineαsq =

√
α2

xz +α2
y z +α2

zz which is proportional to the local GND density

[26]. In this article, both L1 and αsq methods are used in order to study GND density distribution
and to perform Burgers vector analysis in deformed copper single crystalline micropillars.

2.3. Dislocation density based continuum model

The CDD formulation used is based on the framework introduced in [43]. Following [59], we dis-
tinguish between a mobile and a network dislocation density. We take into account multiplica-
tion processes including glissile reaction and cross-slip according to [44] as well as interaction
due to Lomer and collinear reactions. This is complemented by the homogenized dislocation
source model introduced in [46]. Although several parts of the CDD formulation are known from
the literature mentioned above, the used formulation including the considered stress interaction
terms, dislocation reactions and the mobility law is presented in this subsection for a better read-
ability.

The modeling approach incorporates two coupled problems: the elastic (external) problem,
calculating the elastic stress field for a given deformation state, and the internal problem, de-
scribing the microstructure evolution for a given stress field yielding plastic deformation. The
two problems are coupled via the plastic slip.

We describe the elasto-plastic deformation by an additive decomposition of the distortion
tensor Du into an elastic partβel and a plastic partβpl. Considering small deformations, the strain
ε comprises the symmetric part of the distortion tensor and can be decomposed analogously
into an elastic part εel and a plastic part εpl. The stress–strain relation describes physical linearity
using the Cauchy stress tensor σ and the elasticity tensor C. It holds:

Du =βel +βpl, ε= symDu, σ=C[ε−εpl]. (5a–c)

The macroscopic equilibrium equation considering body forces f B in the continuum B is
complemented by the boundary conditions at the surface ∂B via given displacements uD for the

C. R. Physique — 2021, 22, n S3, 267-293



Kolja Zoller et al. 273

displacements u on Dirichlet boundaries ∂DB and given traction tN for the applied traction σn
on Neumann boundaries ∂NB. Dirichlet and Neumann boundaries are disjoint (∂DB∩∂NB =;)
and cover the surface completely (∂DB∪∂NB = ∂B):

−divσ= f B in B, u = uD on ∂DB, σn = tN on ∂NB. (6a–c)

The plastic distortion is assumed to result solely from the evolution of the dislocation state on
each slip system s ∈ {1, . . . ,S}, whereby S describes the total number of considered slip systems
(i.e. 12 in the fcc material). The single slip systems are characterized by their normal vector ms ,
their slip direction ds = (1/bs )bs and the line direction of positive edge dislocations ls = ms ×ds

forming an orthonormal basis {ds , ls ,ms }. Herein, bs = ‖bs‖ is the length of the Burgers vector
bs . The product of the plastic shear strains γs on the individual slip systems and the respective
Schmid tensor Ms is summed up over all slip systems and forms the plastic distortion. Orowan’s
equation [60] provides the evolution equation for the plastic shear strain based on the dislocation
velocity vs and the mobile dislocation density %M

s on the individual slip systems:

βpl =
S∑

s=1
γs Ms , Ms = ds ⊗ms , γ̇s = vs bs%

M
s . (7a–c)

Here, it is noted that the order in the notation of the plastic distortion tensor is a matter of
convention and both ds ⊗ms or ms ⊗ds are used in the literature. Since the HR-EBSD method
measures the elastic deformation, the elastic part of the distortion tensor is also used for the α
tensor calculation in the simulation according to (2).

The dislocation microstructure is described on each slip system by different dislocation
densities, specifying the respective dislocation line length per averaging volume, in addition to
a curvature density qs . The volume integral of qs can be interpreted as the number of dislocation
loops within the averaging volume. Thereby, the total dislocation density %Tot

s is subdivided
additively into the mobile dislocation density %M

s , which contributes to plastic slip, and the so-
called network dislocation density %Net

s , which is sessile. The mobile dislocation density can
again be additively decomposed into a statistically stored dislocation (SSD) density %SSD

s and
a vector of the geometrically necessary dislocation (GND) density κs , which forms the GND
density %GND

s = ‖κs‖. The vector of GND density can be written based on its screw and edge
part: κs = κscrew

s ds + κ
edge
s ls . The network dislocation density consists of a density of Lomer

junctions %L
s , which contains the line length of the junction between both end-nodes, and a

stabilized dislocation density %S
s , which captures the line length of the stable dislocation network

due to their attachment to Lomer junctions. Here, the density of Lomer junctions is shared
with the second involved slip system resulting in a prefactor of 0.5 for the calculation of the
network dislocation density: %Net

s = 0.5%L
s +%S

s . Accordingly the total dislocation density can be

decomposed in: %Tot
s = %SSD

s +
√

(κscrew
s )2 + (κedge

s )2 +0.5%L
s +%S

s . The internal CDD variables are
illustratively shown in Figure 2.

The evolution of the CDD quantities defining the averaged dislocation state within the con-
tinuum includes the flux-based kinematic description as well as internal dislocation reactions
involving different slip systems. This may result in dislocation multiplication as well as increase,
transfer or decrease of dislocations line length within the system. The homogenized, mechanism
based dislocation source model according to [46] considers the production of new dislocations
loops. Dislocation sources on the individual slip systems can be activated locally if the effective
stress on the individual slip system exceeds the respective critical source stress that depends on
the current microstructure. Multiplication mechanisms are considered by cross-slip and glissile
reactions, that can lead to a complex dislocation mobility between different slip systems whereas
Lomer reactions form sessile dislocation junctions stabilizing the dislocation network and there-
fore typically impede the motion of the involved dislocations. The latter process is reversible and
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Figure 2. CDD formulation with the coupled external and internal problems. The internal
CDD variables are illustratively shown, whereby the degrees of freedom are highlighted in
color.

the sessile dislocation network can become mobile due to unzipping of the Lomer junctions. In
contrast, the collinear reactions lead to an irreversible decrease of dislocation density due to an
annihilation of collinear dislocation lines sections. The evolution equations of the internal CDD
variables read:

∂t%
M
s =−∇· (vsκ

⊥
s )+ vs qs +∂t %̄

M ,gliss
s +∂t %̄

M ,cross
s +∂t %̂

M
s +∂t %̄

M ,Lomer
s +∂t%

M ,react
s +∂t%

M ,cross
s

(8a)

∂tκs =∇× (%M
s vs ms )+∂t κ̄

cross
s (8b)

∂t%
L
s = ∂t %̂

L
s −∂t%

M ,Lomer
s −∂t%

S,Lomer
s (8c)

∂t%
S
s = ∂t %̂

S
s −∂t %̄

M ,Lomer
s +∂t%

S,react
s (8d)

∂t qs =−vs∇·
(

qs

%s
κ⊥

s

)
−As ·∇2vs +∂t q̄gliss

s +∂t q̄cross
s +∂t qreact

s +∂t qcross
s +∂t qprod

s . (8e)

Here, ()react is a shortened notation for specific dislocation reactions: ()react = ()gliss +
()Lomer + ()coll. Further, any mechanism that results in the formation of a dislocation reac-
tion is indicated by (̄), whereas the unzipping of Lomer junctions is indicated by (̂) and
{∂t%

M ,react
s ,∂t%

M ,cross
s ,∂t%

S,react
s } covers the decrease of dislocation density on the reacting slip sys-

tems due to the mechanisms. For a more detailed consideration of the individual terms, please
refer to the literature.

Nevertheless, it should be noted at this point that the link length of the stabilized dislocations
due to Lomer junctions LLomer, defining the strength of these junctions [61, 62], is approximated
by a Rayleigh distribution in a certain interval. This interval is based on the scattering of the
nucleation radii and the travel distances of the dislocations measured within dislocation network
of DDD simulations [34]. Furthermore, the averaged link length LLomer

avg is assumed to scale with
the averaged dislocation distance and is used as the expected value of the Rayleigh distribution.

The critical stress for unzipping of Lomer junctions τcrit,Lomer
s is based on the bow out stress of the

dislocation links of Lomer junctions and scales inversely to LLomer. The critical source stress τcrit
s

responsible for the formation of new dislocations within the system comes mainly into play for
cases of low dislocation densities and therefore considers the critical resolved shear stress τCRSS,
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which is taken from the literature. It holds:

τcrit,Lomer
s = µbs

2

1

LLomer
, LLomer ∈ {0.1LLomer

avg ,2LLomer
avg }, LLomer

avg = 1√∑S
s̃=1%

Tot
s̃

(9a)

τcrit
s = max

µbs

cFR

√√√√ S∑
s̃=1

%Tot
s̃ ,τCRSS

 , cFR > 0. (9b)

Using the closure assumptions introduced in [40], the dislocation alignment tensor As reads

As = 1

2

(
(%M

s +‖κs‖)
κs

‖κs‖
⊗ κs

‖κs‖
+ (%M

s −‖κs‖)
κ⊥

s

‖κ⊥
s ‖

⊗ κ⊥
s

‖κ⊥
s ‖

)
, κ⊥

s =κs ×ms . (10)

Regarding the system boundaries, we assume that the dislocations can leave the continuum
unhindered at the surfaces, characterized by the surface normal n, while no new dislocations are
allowed to enter the system over the surface. Accordingly, the boundary conditions are described
by Robin-type boundary conditions for the mobile dislocation densities, whereas the curvature
density vanishes on the inflow boundaries ∂inB = {x ∈ ∂B : (vs /%M

s )n ·κ⊥
s < 0} and is dissipated

on the outflow boundaries ∂outB. Inflow and outflow boundaries are disjoint (∂inB∩∂outB =;)
and cover the surface completely (∂inB∪∂outB = ∂B). Thus, it holds:

vs (‖n×ms‖%M
s + (n×ms ) ·κs ) = 0 on ∂B, qs = 0 on ∂inB (11a,b)

A constitutive law for the velocity is given as closure of the dislocation problem. Using a
material specific drag coefficient B > 0, the effective stress τeff

s and the yield stress τy
s , it reads:

vs = bs

B
sgn(τeff

s )max{0, |τeff
s |−τy

s }, τ
y
s =µbs

√√√√ S∑
s̃=1

ass̃ ·
{

(0.5%L
s̃ ), for s ↔ s̃ = Lomer

(%M
s̃ +%S

s̃ ), otherwise.
(12a,b)

The yield stress accounts for hardening due to the interaction with forest dislocations from
other slip systems within the averaging volume. Here, we consider the yield stress term based
on [63] and adapt it following [59] including a material interaction matrix ass̃ > 0 and the shear
modulus µ. The effect of elastic anisotropy is averaged out in large dislocation densities and
consequently the isotropic shear modulus can be used, see [64]. The variable s̃ describes the
index of summation over the individual slip systems. Furthermore, the resolved shear stress on a
slip system τs and the back stress τb

s contribute to the effective stress and are given by:

τeff
s = τs −τb

s , τs =σ ·M s , τb
s = Dµbs

%M
s

∇·κ⊥
s , D = 3.29

2π2(1−ν)
. (13a–c)

The resolved shear stress is determined by the projection of the stress tensor including
dislocation eigenstresses on each slip system following [65]. The back stress covers short-range
dislocation stress interaction according to [36, 66] depending on a material parameter D , or
respectively the Poisson’s ratio ν, and the shear modulus µ.

2.3.1. Numerical implementation

The CDD formulation has been implemented into a two-scale numerical framework based
on [43] using an own customized version of the parallel finite element software M++ [67, 68].
Thereby, a finite element approach is used with hexahedral elements and linear ansatz functions
for the displacements in the external problem as well as constant ansatz functions and an implicit
Runge–Kutta discontinous Galerkin scheme with full upwind flux for the densities in the internal
problems. Simplifying but found to be efficient, the same mesh resolution is used for both scales.
The time is discretized by an implicit midpoint rule with a fixed time step.
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Figure 3. Left: Representative engineering stress–strain curves for different sized pillars
(1.5–3–10 µm side length). Increase in the average GND density (∆%GND) is also plotted as
a function of the engineering strain. The stress drops seen for the 10 µm pillar correspond
to in situ HR-EBSD measurements performed in order to get a more detailed picture on the
GND density evolution. Right: Examples of the diffraction patterns of the [11̄1] zone axis in
case of the 1.5 µm and the 10 µm pillars.

3. Results

3.1. Experiments

Micropillars were deformed in situ to study how the GND density evolution happens at subse-
quent loading steps (Figure 3). During the experiment, the deformation process was paused while
the HR-EBSD mapping was performed on the surface of the pillars. When the process is paused
(for approx. 10–25 min during mapping) stress drops can be observed due to stress relaxation in
the material and some minor creep of the piezoelectric actuator and the load cell (as seen in Fig-
ure 3 σ(ε) curve of the 10 µm pillar). Other pillars were deformed from the initial to final stage
without these intermittent mapping pauses (Figure 3 σ(ε) curve of the 1.5 and 3 µm pillars). Size
related hardening effect is also evident here, as not only the yielding point shifts to higher stresses
at smaller pillar sizes, but the steepness of the σ(ε) in the plastic regime also decreases.

Based on the acquired stress–strain curves, it is evident that in smaller sized pillars larger strain
bursts were detected, as the noisiest curve belongs to the 1.5 µm pillar, in contrast to the rather
smooth σ(ε) curve of the 10 µm pillar. GND density evolution estimated by the L1 optimization
method is quite similar in all samples, showing a significant increase in ∆%GND upon loading.
GND density tends to increase faster in smaller pillars, that is most likely an artifact due to the
higher EBSD pattern noise level at smaller pillars. In case of reduced volumes, diffraction patterns
have increased noise (see Figure 3 right), that inherently increases the obtained values of %GND.

A series of identically prepared micropillar compression experiments were performed and the
resulting σ(ε) curves are presented in Appendix A. Note, that the observations made above for
the exemplary σ(ε) curves apply for all the measured ones. As expected at this size regime, the
curves are of stochastic nature, that is, they differ from pillar to pillar due to the randomness of
the initial internal microstructure. Interestingly, the highest scatter in the measured stress values
do not seem to decrease with increasing size and are still significant at a = 10 µm.
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Figure 4. Stress tensor components of the 10 µm pillar deformed in situ. Corresponding
σ(ε) curve is plotted in Figure 3 (black line). Secondary electron image of the pillar after
deformation is shown in the bottom right corner.

In situ HR-EBSD results are shown in Figure 4 for the 10 µm pillar. The corresponding σ(ε)
curve can be seen in Figure 3 in black. It is worth mentioning that a flat punch tip with a diameter
of 15 µm was chosen for the in situ compression in order to avoid shadowing effect on the
measured side and maximize the usable surface for HR-EBSD evaluation. As it can be seen in
the supplementary video recorded during the compression, a hard tiny particle attached to the
punch tip caused a small impression on the top of the pillar, that acted as a source for dislocations
to be created in higher numbers in that region. This however was not expected to influence the
deformation in the lower parts of the micropillar.

The first map was taken prior to deformation, showing the initial stress state and dislocation
density in the pillar. Components of the σi j stress tensor in the 0% case show no stress concen-
tration in the sample, as expected. Please note the increased values at the top and bottom part of
the pillar. These are only artifacts coming from the proximity of the tip and the FIB milling around
the pillar. In the top part, the nearby tip acts as excess volume of material that electrons need to
pass through before reaching the detector, that causes the diffraction pattern to decrease in qual-
ity close to the tip. At the bottom part, remaining of the FIB milled bulk material can act similarly,
reducing the number of electrons that can reach the sample and detector surface. Decreasing the
image quality can increase the inaccuracy of the cross-correlation based image analysis, hence
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causing the off-scale values seen at the sample extremities. One diffraction pattern was chosen
from this ε= 0% map as reference (close to the base of the pillar), and all pixels were compared to
this point, even at higher strains. This enabled that the σi j values are related to the “stress-free”
state of the material, making the evaluation unified throughout the experiment.

The second map was taken while the sample was loaded elastically. Naturally, the map taken at
0.3% strain shows no major difference from the unloaded state. No notable GND density increase
has been detected.

Continuing the compression process, the third map was taken at the onset of plastic defor-
mation, at 2.0% strain. Increased activity in all σi j components was registered. As seen in the
σy y component, compressive stresses dominate the whole sample, while GND density increases
significantly.

At higher strains, slip activity is noted in all stress component maps, while the average GND
density reached its maximum value at the highest load of ε ≈ 9%. Looking at the surface of
the pillar, slip bands clearly show multi-directional slip activation. Interestingly, when the GND
density distribution is compared to the visible slip traces on the surface, a directional difference
is observed. As slip traces on the surface of the pillar correspond to dislocations that already
left the system, the GNDs accumulating inside the material do not necessarily align with these
slip planes. Indeed, it can be concluded that in some cases GNDs seem to pile up in directions
perpendicular to the visible surface slip bands.

3.1.1. Burgers vector analysis

Figure 5 plots the accessible αi z components of the dislocation density tensor for all studied
strains. Similarly to the stress tensor components, the first two stages show no remarkable
features in any of the α maps. Increased dislocation activity is only evident at higher strains in
the plastic regime, where a rich GND structure is seen to develop with characteristic features in
all three tensor components.

According to the definition of the dislocation density tensor in (1), the αi z components
characterize the average Burgers vector of dislocations being parallel to the z axis, that is,
perpendicular to the sample surface. In particular,αxz andαy z components in Figure 5 represent
edge components of the GNDs, while αzz represents a pure screw component as shown by the
complementary sketch in Figure 5.

The vector constructed from the three available dislocation density tensor components B =
(αxz ,αy z ,αzz )T , is, therefore, parallel to the average Burgers vector of dislocations parallel to
the z axis. Since at a given measurement point dislocations on various slip systems may be
simultaneously present, one expects B to be a linear combination of different Burgers vectors
with weight factors representing the fraction of dislocations in given slip systems. If, however, B
happens to be parallel with one of the Burgers vectors of the crystal one can conclude, that GNDs
are dominated by dislocations with that specific Burgers vector.

In this spirit, we define the values

ai = B ·bi

Bbi
i = 1, . . . ,6, (14)

where bi is the Burgers vector corresponding to slip direction i (see Figure 1) expressed in the
x y z coordinate system. The values ai are, thus, equal to cos(ϕi ), withϕi being the angle between
B and bi . In Figure 6(a) plots of the ai are seen and values of ≈±1 (≈0) mark regions where B is
close to parallel with (perpendicular to) the given Burgers vector.

It is evident from Figure 6 that there are extensive regions with |ai | ≈ 1 with various i values.
This suggests, that these regions are characterized by the dominance of one type of Burgers
vector. In order to better visualize this finding, Figure 6(b) plots at every measurement point
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Figure 5. The experimentally accessible components of the α tensor of the 10 µm pillar
deformed in situ. Corresponding σ(ε) curve is plotted in Figure 3 (black line). A sketch of
the Burgers vector directions is also included on the right-hand-side, indicating that the
sign of the αi z components can be linked to specific types of GNDs. Secondary electron
image shows the slip planes on the studied surface.

the Burgers vector index imax that has the highest |ai | value there, and Figure 6(c) shows the
|aimax | values. From the latter one can conclude that in ∼90% of the sample surface the angle
between B and bimax is less than 27° and in ∼35% less than 18°. So, as expected, B is not exactly
parallel with one of the possible Burgers vectors (as it represents an average Burgers vector
in the volume element measured by HR-EBSD) but one can clearly find a dominant Burgers
vector in most regions of the sample. According to Figure 6(b) regions with identical dominant
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Figure 6. (a) ai values (defined by (14)), (b) dominant Burgers vectors and (c) |aimax | values
plotted for the 10 µm pillar at ε= 9.3% deformation.

Burgers vector form a granular-like anisotropic structure with preferred directions parallel with
the possible slip directions of the B and C slip planes (see Figure 1). We recall, that the active
slip planes are B2,B4,C 1,C 3 where most of the plastic slip takes place. Interestingly, regions
with dominant Burgers vector type 1 and 3 are mostly aligned along the B plane and vice versa,
those with Burgers vector type 2 and 4 mostly along the C plane. This suggests that the GNDs
are not accumulated on the active slip systems, rather on inactive ones. The fact that the GNDs
are yet aligned parallel to an active slip plane is probably because these GNDs were generated by
dislocation reactions or cross slip of dislocations moving in the active slip system. In addition,
significant regions with Burgers vectors of type 6 are found which is of pure edge character and
do not belong to any of the active slip systems.

3.1.2. Size dependence of the GND density network

As already mentioned in the introduction, the GND density network strongly depends on the
size of the pillar. In case of the 10 µm pillar, GNDs in the middle of the sample form a cellular
dislocation structure (see Figure 5). If the size of the specimen is reduced, the presence of the
surface affects even more the collective behaviour of the dislocations. As it is shown in Figure 7,
at the diameter of 3 µm the formed GND network after ∼7% deformation looks quite different
from the already presented 10 µm specimen. This pillar was only measured post mortem, after
the deformation process had finished and the sample was no longer under load. Although some
slip planes can be identified, the cellular structure is completely missing. This is a sign that as
the pillar size approaches the 1 µm limit reported in the literature, a transition from dislocation
accumulation to dislocation starvation takes place. If the surface of the specimen is examined,
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Figure 7. Dislocation density tensor components of the 3 µm pillar at ε = 0% and 7.2%
deformation. Corresponding σ(ε) curve is plotted in Figure 3 (purple line). A sketch of the
Burgers vector directions is shown in Figure 5.

slip planes are still clearly observed but GNDs are stored in significantly less amount compared
to the 10 µm pillar as evident from the αsq map in Figure 7.

In Figure 8(a) extensive regions with |ai | ≈ 1 can be identified. From the Burgers vector plots in
Figure 8(b) one mostly cannot find clear regions that are characterized by the dominance of only
one type of Burgers vector, unlike in the larger pillar. At best, some regions with Burgers vector
type 6 are observed, but this (similarly to the 10 µm pillar) cannot be linked to any of the active
slip systems. Figure 8(c) enforces our conclusion that a dominant Burgers vector cannot clearly
be identified in this specimen.

3.2. Simulations

The fcc copper micropillars are modelled by the CDD formulation presented in Section 2.3.
The elastic constants are given as C1111 = 168 GPa, C1122 = 121 GPa and C2323 = 75 GPa [69, 70]
leading to a Zener anisotropy of A = 3.22 [69, 70]. The isotropic elastic constants needed for the
internal stress calculation are determined following [71] as: G = 40.0 GPa, ν = 0.367. The length
of the Burgers vector is given as b = 0.254 nm [72]. The material specific drag coefficient is B =
5×10−5 sPa [73]. The coefficients of the material interaction matrix used in the yield stress term
are chosen according to [74] as: aself = 0.122, aHirth = 0.07, aLomer = 0.122, agliss = 0.137, acoll =
0.625. The backstress parameter is chosen as derived in [66] as D = 0.256. The constant for the
cross-slip probability term is assumed as β = 105 according to [75], the activation volume is
Vact = 300b3 [76] and the stress initializing stage-three hardening is set to τIII = 0.028 GPa [73].
The collision rate constants for the dislocation reactions, cp. [59], are set to cgliss = 2ccoll = 0.64
and cLomer = 640.
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Figure 8. (a) ai values, (b) dominant Burgers vectors and (c) |aimax | values plotted for the
3 µm pillar at ε= 7.2% deformation.

We study specimens with a 〈110〉 crystal orientation and with a geometric dimension of
a ∈ {3,6,10} µm according to Figure 1. The system is subjected to a displacement at the top of
the system in axial direction (uD|y=3a =−uy ey ) with a rate of ε̇y y =−4×103 1/s up to a maximum
loading of εy y =−10% . The bottom of the system is fixed (uD|y=0 = 0), the circumference surfaces
are considered traction free. The critical resolved shear stress of τCRSS ∈ {101,65,47} MPa is given
according to [77]. An initial total dislocation density is given as 2.4×1012 1/m2 equally allocated
to the different slip systems and homogeneously distributed over the specimen. The initial
dislocation density is assumed to consist purely of dislocation network density, which consist half
of stabilized dislocation density and half of Lomer junctions. The considered numerical system
resolution is given by a mesh of approximately 12.3×103 elements leading to an element width
of a/16 and a total number of degrees of freedom of about 106. Taking the Courant–Friedrichs–
Lewy (CFL) condition into account, a smaller time step have had to be used for the micropillar of
a = 3 µm size. Therefore, the maximum applied load was reduced in this case.

3.2.1. Size dependency

To investigate the influence of the micropillar size on the formation of dislocation networks,
in the following we vary the micropillar size. The corresponding stress–strain curves and the
evolution of dislocation network density are shown in Figure 9. Considering the micropillar
sizes of a ∈ {3,6,10} µm, the results of smaller pillars show an elastic–plastic transition at higher
stresses with a sharper transition and lower hardening at the beginning of plastic yielding. For
the chosen 〈110〉 crystal orientation the elastic–plastic transition occurs at approximately |σy y | ≈
235 MPa for a = 3 µm and |σy y | ≈ 125 MPa for a = 10 µm. Figure 9(right) shows that the change
of the amount of network dislocation density, which is pinned within the system, decreases for
smaller micropillars. The microstructure evolution within the first two percent nominal strain
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Figure 9. Stress–strain curves (left) and the evolution of the network dislocation density
(right) for varying micropillar sizes.

Figure 10. Evolution of the allocation of the plastic slip and the composition of the total
dislocation density during the compression.

leads to an increase of the network dislocation density of 60% for a = 10 µm, of about 30% for
a = 6 µm and a slight decrease of about 10% for a = 3 µm.

3.2.2. Microstructure evolution

To gain deeper insights into the dislocation microstructure evolution, the evolution is exem-
plarily shown for the micropillar of size a = 10 µm. Figure 10(left) shows the plastic slip evolution
over the strain considering its allocation to different slip systems. It can be observed that the plas-
tic deformation mainly takes place on the four slip systems showing the highest Schmid factors,
i.e. {B2,B4,C 1,C 3}, as shown in Figure 10(left). Finally, 95% of the plastic deformation is caused
by the activity of these slip systems. Figure 10(right) depicts the total dislocation density during
loading as composition of the different dislocation density quantities considered in the formula-
tion. During the deformation, GND density is formed and maintained in the system. GND den-
sity represents a fraction of 26% of the total dislocation density with respect to the considered sys-
tem resolution by the end of loading. The fraction of SSD density of the total dislocation density
is 6% and thus lower than the contribution of GNDs. The remaining fraction of 68% of the total
dislocation density consists of network dislocation density. The spatial distribution of different
dislocation density quantities at exemplarily selected loading steps is shown in Figure 11.

The contribution of the individual slip systems to the dislocation densities is shown in Fig-
ure 12. It can be observed that 32% of the total dislocation density is located on the four active
slip systems {B2,B4,C 1,C 3} for 10% strain. The remaining 68% of the total density are on the
eight inactive slip systems. However, differences can be observed in the allocation of density with
respect to different types of dislocation density. For example, about half of the network density
(48%) is located on the four active slip systems, while the GND density is almost exclusively on the
inactive slip systems. A significant amount of GND density (73%) is located on the slip systems
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Figure 11. Spatial distribution of dislocation densities: total dislocation density, network
dislocation density, and GND density shown for different strain states.

Figure 12. Allocation of the dislocation densities to the individual slip systems during the
microstructure evolution.

{A6,D6}, that have both slip plane normals and Burgers vector directions different from the active
slip systems.

Caused by the compression loading, the micorpillar shows a characteristic deformation. The
resulting components of the dislocation density tensor are shown in Figure 13. Here αxz and
αy z have the highest values and show a gradient along the micropillar height (y-direction)
and micropillar width (x-direction), respectively. In addition to the three alpha components
of the z-plane, that can be determined by the experiment, the simulation results also provide
the remaining components of the complete alpha tensor. Taking into account that it is not
possible to avoid slight imperfections in experimental studies, we studied a number of possible
imperfections that could have an impact on the results. The simulation results of the considered
geometric imperfections of the micropillar are given in the Appendix A in Figure 16 showing the
resulting alpha tensors.

4. Discussion

The objective of the present paper is to get further insight on the plastic material behavior and
underlying dislocation microstrucuture evolution in the dislocation storage regime of fcc metals.
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Figure 13. Deformed micropillar (size of 10 µm) and all nine components of the α tensor
at the micropillar surface for εy y =−10% mapped to the initial configuration. The last three
alpha-components (αi z ) are also determined in the experiment.

Therefore, single crystalline copper micropillars with a 〈110〉 crystal orientation and varying sizes
between 1 and 10 µm have been investigated under compression loading by experiments using
in situ HR-EBSD analysis as well as continuum dislocation dynamics simulations.

The plastic deformation of the micropillars occurs mainly on the four slip systems with the
highest Schmid factors: {B2,B4,C 1,C 5}, as was to be expected. This can be observed in the
experiment based on the deformation patterns and surface steps of the deformed micropillars
(cp. the secondary electron image of the micropillar in Figure 4), taking into account the slip
plane orientation (see Figure 1). This is consistent with the simulation results, that enable the
determination of the allocation of plastic shear to the different slip systems (see Figure 10). Based
on the superposition of the activity on all four primary slip systems (see Section 2.1), the resulting
ex ⊗ ex component of the plastic distortion tensor explains the much stronger bulging of the
micropillar in x-direction than in z-direction in the simulation.

During loading, an increasing amount of GND density can be detected in both experiment
and simulation for all micropillar sizes, see Figures 3 and 10. This is consistent with the findings
of Kiener et al. investigating the compression of single crystalline copper micropillars with a high
symmetry crystal orientation via in situ experiments and 2d discrete dislocation simulations [19],
and the findings of Maaß et al. using in situ Laue and electron backscatter diffraction to examine
the compression of single crystalline copper micropillars orientated for double slip [20]. The
amount of GND density might be regarded as unintuitive for a homogeneous uniaxial loading
of a single crystalline micropillar and raises the question on which slip systems the GND density
is formed. And moreover, how the GND density is stabilized in the system.

The investigations presented in this paper show that the GND density is formed on the
inactive slip systems for the compressed micropillars. The experimental results, see Figure 4,
as well as the simulation results, see Figure 12, show, that the allocation of the GND density
is dominated by slip systems that are not mainly responsible for the production of plastic slip.
This observation has also reported by Kirchlechner et al. who considered tension tests of single
crystalline copper specimen orientated for single slip and presented analyses of in situ scanning
electron microscopy and post mortem µLaue diffraction [21]. The simulation results in Figure
12 also show that there is an amount of GND density on active slip systems at the beginning of
loading, but it is not preserved in the system during further loading and can leave the system via
the surface. In contrast, the fraction of the GND density on the inactive slip systems increases with
increasing load and also as part of an increasing fraction of GND density of the total dislocation
density within the system. This can be explained by the fact, that the inactive slip systems have
a significantly lower Schmid factor, which is zero for an ideally uniaxial external load. Therefore
the driving force on the dislocations to leave the system is also significantly lower and the motion
might be additionally hindered by existing network structures. Thus, the GND density on the
inactive slip systems can easily be stabilized and preserved in the system. However, it should be
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remarked that the simulation does not resolve the GND and SSD parts in the network separately.
Consequently, the network density could also contribute to the GND density in the system, which
is not tracked according to the formulation used.

The Burgers vector analysis of the experimental data in Figure 6 identifies different regions
and traces of dominant respective Burgers vectors. This yields a hint at the allocation of the
experimentally obtained GND density to the individual slip systems. Obtained as an average
Burgers vector this represents the distribution of the GND density over the system as shown in
Figure 5. Interestingly, the angle of traces (e.g. with Burgers vector 1) does not match the angle of
the slip plane of the primary slip system (e.g. slip plane C of slip system C 1) but rather to the other
active slip plane (e.g. slip plane B). From this we conclude that the GND density, or at least parts
of it, is located on another inactive slip system. A superposition of active and inactive slip systems
(e.g. B4 and D6) would be conceivable. Glissile reactions between the moving dislocations on the
active slip planes (e.g. B4) and the dislocations on the inactive slip systems (e.g. D6) can lead
to new dislocations with the corresponding Burgers vectors (e.g. D1). However, the inactive slip
plane (e.g. slip plane D) would run vertically in the cross section.

The resulting dislocation density tensor in the experiment and the simulation shows quali-
tatively good accordance in its individual components (cp. Figures 5 and 13). The αxz and αy z

components show gradients along the micropillar height (y-direction) and micropillar width (x-
direction) respectively. Although there can be determined only three (αi z ) of nine components in
the experiment, the simulation shows that the most significant components are included. How-
ever, it should be noted that in experiments at this length scale imperfections, such as, e.g., vari-
ations in the initial microstructure, misalignments, or unintended deformation states, can easily
occur and impede or mislead the interpretation of the results. The imperfections can influence
the measurements and the material behavior itself and thus lead to a certain scatter in the ex-
perimental results, as exemplary shown in Figure 14 in Appendix A for the stress–strain curves
for different pillar sizes. An essential advantage of the simulation is, that we can easily modify
system and loading characteristics. So even if we don’t know whether or not imperfections occur
in the experimental results, a systematic investigation of possible imperfections by simulative
variations can enable a better interpretation and strengthen confidence in the results. Compar-
ing the experimental results in Figure 5 with the simulation data of the perfect system in Figure
13, we see, that there is qualitatively a good accordance between the experiment and the simu-
lation. However slight imperfections leading e.g. to different gradients in the results can be bet-
ter understood by taking into account the variations of the results due to imperfections shown
in Figure 16. A slight imperfection causing bending in the system might yield a change from the
perfectly horizontal transition between positive and negative regions in αxz (see Figure 13) to an
inclined transition as shown for the bending case in Figure 16 and maybe slightly present in the
experimental results.

Considering the dislocation microstructure in the system, it can be observed that the mobile
dislocations partly leave the system via the surfaces or they interact with other dislocations in
the micropillar and form a complex network structure. Which of these two processes is more
pronounced is related to the size of the micropillar. The transition from dislocation accumulation
forming a cellular structure to the dislocation starvation regime can be observed both in the
experiment (cp. Figures 5 and 7) and in the simulation (see Figure 9) as the pillar approaches
smaller sizes. In the considered size regime, the dislocation network formation is emphasized
with increasing micropillar size for small strain states, as shown in Figure 6, and decreases for
smaller sizes as shown in Figure 9. This is not distinctively observable any more for larger strains
in the simulation. However, the chosen time resolution in the simulation results might affect this
observation since the time step could be chosen too large to capture all possible reactions during
the ongoing density evolution. This remains to be investigated.

C. R. Physique — 2021, 22, n S3, 267-293



Kolja Zoller et al. 287

For larger micropillars the probability of network formation increases due to the longer
distance a dislocation has to travel to the surface as well as the lower dislocation velocities
that can be observed. The formation of the dislocation network structure contributes to the
hardening, which can be observed in the stress–strain curves in both the experiments (Figure 3)
and the simulations (Figure 9). This is consistent to the findings of Zhao et al. analysing uniaxial
compression of cylindrical copper micropillars with a 〈110〉 crystal orientation via scanning
electron microscopy and scanning transmission electron microscopy [17]. However, considering
the quantitative differences in the stress values between the experimental and the simulation
results, it becomes clear that some mechanisms are not fully covered in the simulation model
for the considered systems. So further adaptions of the used formulations, particularly regarding
the reaction and interaction mechanisms with respect to the crystal orientation, have to be
pursued.

5. Conclusions

In this paper, we investigated the dislocation microstructure evolution in the dislocation storage
regime of fcc metals. Single crystalline copper micropillars with a 〈110〉 crystal orientation and
varying sizes between 1 and 10 µm have been analysed under compression loading. The analysis
comprised experimental in situ HR-EBSD measurements as well as 3d continuum dislocation
dynamics simulations. The experimental setup provides insights into the material deformation
and evolution of dislocation structures during continuous loading. This is complemented by the
simulation of the dislocation density evolution considering dislocation dynamics, interactions,
and reactions of the individual slip systems and providing direct access to these quantities.

It has been shown, that the plastic deformation of the material is mainly caused by dislocation
activities on the four slip systems with the highest Schmid factor. Here, the loss of dislocation
density over the surface leads to observable deformation patterns and surface steps. An interest-
ing finding is the increasing amount of GND density in the system during loading. It has been
observed for all micropillars considered and is located dominantly on the slip systems that are
not mainly responsible for the production of plastic slip. The stabilization of the GND density
on these inactive slip systems can be explained by the lower Schmid factor and the associated
lower driving force on the dislocations on these systems. However, the presented results indicate
that the obstruction for dislocation motion caused by dislocation networks formation may play
a significant role for this finding.

In the considered size regime, the dislocation network formation is emphasized with increas-
ing micropillar size for small loading states. This indicates a transition from a dislocation starva-
tion regime to a regime dominated by dislocation accumulation forming a cellular structure. This
is accompanied by longer travel distance of dislocations to the surface as well as the lower dislo-
cation velocities that can be observed for larger micropillars enforcing the probability of network
formation and yielding a contribution to plastic hardening.
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Appendix A. Impact of geometric imperfections

Figure 14. Engineering stress–strain curves for different sized square pillars (1, 1.5, 3, 6, and
10 µm side length). 6 µm pillars were bent due to misalignment of the flat punch.

Numerous micropillars were compressed experimentally in this study. However, it is well
known that to achieve a perfect system and deformation process without imperfections is a
quite difficult task. Any deviation from perfect alignment or minor sample preparation dif-
ferences might have an impact on the results, e.g., the recorded σ(ε) curves will differ from
each other. Although pillars were prepared sequentially ensuring good similarity, they can’t

C. R. Physique — 2021, 22, n S3, 267-293

https://doi.org/10.5802/crphys.55
https://doi.org/10.5802/crphys.55


Kolja Zoller et al. 289

Figure 15. Modelling of geometric imperfections for a micropillar of a = 6 µm size. The
angle is chosen to θ = 4◦.

be a perfect replica of one another and, e.g., the initial dislocation density can vary from
place to place. The indenter flat punch tip can have a slight misalignment with the pillar’s top
surface, which will enhance bending upon deformation. For completeness of the investigations
shown in this paper, we show all corrected σ(ε) curves of the experimental analyses plotted in
Figure 14.

In case of the 6 µm pillars the flat punch tip was not well aligned with the top surface of
the specimen, hence the change in the steepness of σ(ε) at ε ≈ 0.005. At the early onset of
the deformation process, in case of sample–tip misalignment, the crystal is rotated in order to
accommodate the mismatch. Afterwards, the sample’s σ(ε) curve is modified, as more GNDs are
introduced into the system through this geometric imperfection, leading to a less pronounced
elastic–plastic transition in the stress–strain curve. It needs to be noted that one of the 6 µm
pillars was deformed unlike the other in situ tests. When pausing the deformation of this pillar,
instead of keeping the displacement constant (like i.e. the 10 µm pillar case) the load was kept
constant, hence the difference in the character of the σ(ε) curve’s shape. In order to avoid any
excess slip caused by this continuous punch tip movement, the subsequent in situ experiments
were suspended by the “constant displacement” method.

An essential advantage of the simulation is, that we can easily modify system and loading char-
acteristics. So even if we don’t know whether or not there occur imperfections in the experimental
results, a systematic investigation of possible imperfection by simulative variations can enable a
better interpretation of the results. The effects of various imperfections on the spatial distribu-
tion of the dislocation density tensor are studied by simulation in this section. Starting from an
ideally straight micropillar as a reference system (system a), the following geometric imperfec-
tions are considered, as shown in Figure 15. A linear shift of the micropillar in z-direction (system
b), a curved bow-out of the micropillar in z-direction (system c), and a misalignment in the crys-
tal orientation around the z-axis (system d). The linear shifted and curved micropillars (system b
and c) show the same offset in z-direction at half height. Additionally, an embedded micropillar
(system e) is considered to investigate the influence of simplifying assumptions in the simula-
tion compared to the experiment. It should be noted that the sharp notch in the material in the
embedded system is a numerical challenge and can lead to inaccuracies.

The effects of the geometric imperfections on the deformed state and the α tensor field are
shown in Figure 16. The qualitative distribution of αzx and αz y components is similar in all
systems, but the angles and size of the transition regions change. For the linear shifted micropillar
(system b), a characteristic structure is additionally observed in the αzz component.
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Figure 16. Absolute displacements of the deformed micropillar (scaling factor of two) and
all nine components of the α tensor mapped to the initial configuration at a loading of
εy y =−5.7%.

References

[1] D. Dimiduk, M. Uchic, T. Parthasarathy, “Size-affected single-slip behavior of pure nickel microcrystals”, Acta Mater.
53 (2005), no. 15, p. 4065-4077.

[2] D. M. Dimiduk, C. Woodward, R. Lesar, M. D. Uchic, “Scale-free intermittent flow in crystal plasticity”, Science 312
(2006), no. 5777, p. 1188-1190.

[3] C. A. Volkert, E. T. Lilleodden, “Size effects in the deformation of sub-micron Au columns”, Philos. Mag. 86 (2006),
no. 33–35, p. 5567-5579.

[4] J. R. Greer, W. C. Oliver, W. D. Nix, “Size dependence of mechanical properties of gold at the micron scale in the
absence of strain gradients”, Acta Mater. 53 (2005), no. 6, p. 1821-1830.

[5] Z. Shan, R. K. Mishra, S. S. Asif, O. L. Warren, A. M. Minor, “Mechanical annealing and source-limited deformation in
submicrometre-diameter Ni crystals”, Nat. Mater. 7 (2008), no. 2, p. 115-119.

[6] T. A. Parthasarathy, S. I. Rao, D. M. Dimiduk, M. D. Uchic, D. R. Trinkle, “ Contribution to size effect of yield strength
from the stochastics of dislocation source lengths in finite samples”, Scr. Mater. 56 (2007), no. 4, p. 313-316.

[7] H. Tang, K. Schwarz, H. Espinosa, “Dislocation-source shutdown and the plastic behavior of single-crystal micropil-
lars”, Phys. Rev. Lett. 100 (2008), no. 18, article no. 185503.

C. R. Physique — 2021, 22, n S3, 267-293



Kolja Zoller et al. 291

[8] S. I. Rao, D. Dimiduk, T. A. Parthasarathy, M. Uchic, M. Tang, C. Woodward, “Athermal mechanisms of size-dependent
crystal flow gleaned from three-dimensional discrete dislocation simulations”, Acta Mater. 56 (2008), no. 13, p. 3245-
3259.

[9] J. A. El-Awady, M. Wen, N. M. Ghoniem, “The role of the weakest-link mechanism in controlling the plasticity of
micropillars”, J. Mech. Phys. Solids 57 (2009), no. 1, p. 32-50.

[10] P. D. Ispánovity, Á. Hegyi, I. Groma, G. Györgyi, K. Ratter, D. Weygand, “Average yielding and weakest link statistics in
micron-scale plasticity”, Acta Mater. 61 (2013), no. 16, p. 6234-6245.

[11] P. M. Derlet, R. Maass, “A probabilistic explanation for the size-effect in crystal plasticity”, Philos. Mag. 95 (2015),
no. 16–18, p. 1829-1844.

[12] M. Staker, D. Holt, “The dislocation cell size and dislocation density in copper deformed at temperatures between 25
and 700 C”, Acta Metall. 20 (1972), no. 4, p. 569-579.

[13] F. Prinz, A. Argon, “Dislocation cell formation during plastic deformation of copper single crystals”, Phys. Status
Solidi (a) 57 (1980), no. 2, p. 741-753.

[14] H. Mughrabi, T. Ungar, W. Kienle, M. Wilkens, “Long-range internal stresses and asymmetric X-ray line-broadening
in tensile-deformed [001]-orientated copper single crystals”, Philos. Mag. A 53 (1986), no. 6, p. 793-813.

[15] P. Hähner, K. Bay, M. Zaiser, “Fractal dislocation patterning during plastic deformation”, Phys. Rev. Lett. 81 (1998),
no. 12, p. 2470-2473.

[16] M. Zaiser, K. Bay, P. Hähner, “Fractal analysis of deformation-induced dislocation patterns”, Acta Mater. 47 (1999),
no. 8, p. 2463-2476.

[17] X. Zhao, J. Wu, Y. Chiu, I. Jones, R. Gu, A. Ngan, “Critical dimension for the dislocation structure in deformed copper
micropillars”, Scr. Mater. 163 (2019), p. 137-141.

[18] D. Norfleet, D. Dimiduk, S. Polasik, M. Uchic, M. Mills, “Dislocation structures and their relationship to strength in
deformed nickel microcrystals”, Acta Mater. 56 (2008), no. 13, p. 2988-3001.

[19] D. Kiener, P. Guruprasad, S. M. Keralavarma, G. Dehm, A. A. Benzerga, “Work hardening in micropillar compression:
In situ experiments and modeling”, Acta Mater. 59 (2011), no. 10, p. 3825-3840.

[20] R. Maaß, S. Van Petegem, D. Grolimund, H. Van Swygenhoven, D. Kiener, G. Dehm, “Crystal rotation in Cu single
crystal micropillars: In situ Laue and electron backscatter diffraction”, Appl. Phys. Lett. 92 (2008), no. 7, article
no. 071905.

[21] C. Kirchlechner et al., “Dislocation storage in single slip-oriented Cu micro-tensile samples: new insights via X-ray
microdiffraction”, Philos. Mag. 91 (2011), no. 7–9, p. 1256-1264.

[22] A. Arsenlis, D. Parks, “Crystallographic aspects of geometrically-necessary and statistically-stored dislocation den-
sity”, Acta Mater. 47 (1999), no. 5, p. 1597-1611.

[23] A. J. Wilkinson, D. Randman, “Determination of elastic strain fields and geometrically necessary dislocation distri-
butions near nanoindents using electron back scatter diffraction”, Philos. Mag. 90 (2010), no. 9, p. 1159-1177.

[24] S. Kalácska, J. Ast, P. D. Ispánovity, J. Michler, X. Maeder, “3D HR-EBSD characterization of the plastic zone around
crack tips in tungsten single crystals at the micron scale”, Acta Mater. 200 (2020), p. 211-222.

[25] N. M. Della Ventura, S. Kalácska, D. Casari, T. E. Edwards, A. Sharma, J. Michler, R. Logé, X. Maeder, “{101̄2} twinning
mechanism during in situ micro-tensile loading of pure mg: Role of basal slip and twin-twin interactions”, Mater.
Des. 197 (2020), article no. 109206.

[26] S. Kalácska, Z. Dankházi, G. Zilahi, X. Maeder, J. Michler, P. D. Ispánovity, I. Groma, “Investigation of geometrically
necessary dislocation structures in compressed Cu micropillars by 3-dimensional HR-EBSD”, Mater. Sci. Eng. A 770
(2020), article no. 138499.

[27] C. R. Weinberger, W. Cai, “Surface-controlled dislocation multiplication in metal micropillars”, Proc. Natl Acad. Sci.
USA 105 (2008), no. 38, p. 14304-14307.

[28] A. Cao, E. Ma, “Sample shape and temperature strongly influence the yield strength of metallic nanopillars”, Acta
Mater. 56 (2008), no. 17, p. 4816-4828.

[29] S. Xu, Y. Guo, A. Ngan, “A molecular dynamics study on the orientation, size, and dislocation confinement effects on
the plastic deformation of Al nanopillars”, Int. J. Plast. 43 (2013), p. 116-127.

[30] F. F. Csikor, C. Motz, D. Weygand, M. Zaiser, S. Zapperi, “Dislocation avalanches, strain bursts, and the problem of
plastic forming at the micrometer scale”, Science 318 (2007), no. 5848, p. 251-254.

[31] J. Senger, D. Weygand, P. Gumbsch, O. Kraft, “Discrete dislocation simulations of the plasticity of micro-pillars under
uniaxial loading”, Scr. Mater. 58 (2008), no. 7, p. 587-590.

[32] I. Ryu, W. D. Nix, W. Cai, “Plasticity of bcc micropillars controlled by competition between dislocation multiplication
and depletion”, Acta Mater. 61 (2013), no. 9, p. 3233-3241.

[33] J. A. El-Awady, “Unravelling the physics of size-dependent dislocation-mediated plasticity”, Nat. Commun. 6 (2015),
no. 1, p. 1-9.

[34] M. Stricker, M. Sudmanns, K. Schulz, T. Hochrainer, D. Weygand, “ Dislocation multiplication in stage II deformation
of fcc multi-slip single crystals”, J. Mech. Phys. Solids 119 (2018), p. 319-333.

C. R. Physique — 2021, 22, n S3, 267-293



292 Kolja Zoller et al.

[35] J. Senger, D. Weygand, O. Kraft, P. Gumbsch, “Dislocation microstructure evolution in cyclically twisted microsam-
ples: a discrete dislocation dynamics simulation”, Model. Simul. Mater. Sci. Eng. 19 (2011), no. 7, article no. 074004.

[36] I. Groma, F. Csikor, M. Zaiser, “Spatial correlations and higher-order gradient terms in a continuum description of
dislocation dynamics”, Acta Mater. 51 (2003), no. 5, p. 1271-1281.

[37] I. Groma, Z. Vandrus, P. D. Ispánovity, “Scale-free phase field theory of dislocations”, Phys. Rev. Lett. 114 (2015), no. 1,
article no. 015503.

[38] I. Groma, M. Zaiser, P. D. Ispánovity, “Dislocation patterning in a two-dimensional continuum theory of disloca-
tions”, Phys. Rev. B 93 (2016), no. 21, article no. 214110.

[39] P. D. Ispánovity, S. Papanikolaou, I. Groma, “Emergence and role of dipolar dislocation patterns in discrete and
continuum formulations of plasticity”, Phys. Rev. B 101 (2020), no. 2, article no. 024105.

[40] T. Hochrainer, S. Sandfeld, M. Zaiser, P. Gumbsch, “Continuum dislocation dynamics: towards a physical theory of
crystal plasticity”, J. Mech. Phys. Solids 63 (2014), p. 167-178.

[41] T. Hochrainer, “Multipole expansion of continuum dislocations dynamics in terms of alignment tensors”, Philos.
Mag. 95 (2015), no. 12, p. 1321-1367.

[42] T. Hochrainer, “Thermodynamically consistent continuum dislocation dynamics”, J. Mech. Phys. Solids 88 (2016),
p. 12-22.

[43] K. Schulz, L. Wagner, C. Wieners, “A mesoscale continuum approach of dislocation dynamics and the approximation
by a Runge–Kutta discontinuous Galerkin method”, Int. J. Plast. 120 (2019), p. 248-261.

[44] M. Sudmanns, M. Stricker, D. Weygand, T. Hochrainer, K. Schulz, “Dislocation multiplication by cross-slip and glissile
reaction in a dislocation based continuum formulation of crystal plasticity”, J. Mech. Phys. Solids 132 (2019), article
no. 103695.

[45] S. Schmitt, M. Stricker, P. Gumbsch, K. Schulz, “A mechanism-based homogenization of a dislocation source model
for bending”, Acta Mater. 164 (2019), p. 663-672.

[46] K. Zoller, K. Schulz, “Analysis of single crystalline microwires under torsion using a dislocation-based continuum
formulation”, Acta Mater. 191 (2020), p. 198-210.

[47] E. Schmid, W. Boas, “Kristallplastizität : mit besonderer Berücksichtigung der Metalle”, in Struktur und Eigenschaften
der Materie in Einzeldarstellungen, vol. 17, Springer, Berlin, 1935.

[48] M. Uchic, P. Shade, D. Dimiduk, “Plasticity of micromoter-scale single crystals in compression”, Annu. Rev. Mater.
Res. 39 (2009), p. 361-386.

[49] J. Wheeler, J. Michler, “Elevated temperature, nano-mechanical testing in situ in the scanning electron microscope”,
Rev. Sci. Instrum. 84 (2013), article no. 045103.

[50] I. N. Sneddon, “Boussinesq’s problem for a flat-ended cylinder”, Proc. Camb. Philos. Soc. 42 (1946), no. 1, p. 29-39.
[51] J. Nye, “Some geometrical relations in dislocated crystals”, Acta Metall. 1 (1953), no. 2, p. 153-162.
[52] E. Kröner, G. Rieder, “Kontinuumstheorie der Versetzungen”, Z. Phys. 145 (1956), no. 4, p. 424-429.
[53] B. C. Larson, J. Z. Tischler, A. El-Azab, W. Liu, “Dislocation density tensor characterization of deformation using 3D

X-Ray microscopy”, J. Eng. Mater. Technol. 130 (2008), no. 2, article no. 021024.
[54] T. Britton, J. Hickey, “Understanding deformation with high angular resolution electron backscatter diffraction (HR-

EBSD)”, IOP Conf. Ser.: Mater. Sci. Eng. 304 (2018), article no. 012003.
[55] D. Chen, J.-C. Kuo, W.-T. Wu, “Effect of microscopic parameters on EBSD spatial resolution”, Ultramicroscopy 111

(2011), no. 9–10, p. 1488-1494.
[56] S. Das, F. Hofmann, E. Tarleton, “Consistent determination of geometrically necessary dislocation density from

simulations and experiments”, Int. J. Plast. 109 (2018), p. 18-42.
[57] A. Wilkinson, D. Dingley, G. Meaden, “Strain mapping using electron backscatter diffraction”, in Electron Backscatter

Diffraction in Materials Science (A. J. Schwatz, M. Kumar, B. L. Adams, D. P. Field, eds.), Springer Science+Business
Media, Boston, MA, 2009, p. 231-249.

[58] A. Wilkinson, D. Randman, “Determination of elastic strain fields and geometrically necessary dislocation distribu-
tions near nanoindents using electron back scatter diffraction”, Philos. Mag. 90 (2010), no. 9, p. 1159-1177.

[59] M. Sudmanns, J. Bach, D. Weygand, K. Schulz, “Data-driven exploration and continuum modeling of dislocation
networks”, Model. Simul. Mater. Sci. Eng. 28 (2020), article no. 065001.

[60] E. Orowan, “Zur Kristallplastizität”, Z. Phys. 89 (1934), p. 605-659.
[61] D. Rodney, R. Phillips, “Structure and strength of dislocation junctions: An atomic level analysis”, Phys. Rev. Lett. 82

(1999), no. 8, p. 1704-1707.
[62] C. Shin, M. Fivel, D. Rodney, R. Phillips, V. Shenoy, L. Dupuy, “Formation and strength of dislocation junctions in FCC

metals: A study by dislocation dynamics and atomistic simulations”, J. Phys. IV 11 (2001), no. PR5, p. Pr5-19-Pr5-26.
[63] P. Franciosi, M. Berveiller, A. Zaoui, “Latent hardening in copper and aluminium single crystals”, Acta Metall. 28

(1980), no. 3, p. 273-283.
[64] R. Madec, B. Devincre, L. Kubin, T. Hoc, D. Rodney, “The role of collinear interaction in dislocation-induced

hardening”, Science 301 (2003), no. 5641, p. 1879-1882.

C. R. Physique — 2021, 22, n S3, 267-293



Kolja Zoller et al. 293

[65] K. Schulz, D. Dickel, S. Schmitt, S. Sandfeld, D. Weygand, P. Gumbsch, “Analysis of dislocation pile-ups using a
dislocation-based continuum theory”, Model Simul. Mater. Sci. Eng. 22 (2014), no. 2, article no. 025008.

[66] S. Schmitt, P. Gumbsch, K. Schulz, “Internal stresses in a homogenized representation of dislocation microstruc-
tures”, J. Mech. Phys. Solids 84 (2015), p. 528-544.

[67] C. Wieners, “A geometric data structure for parallel finite elements and the application to multigrid methods with
block smoothing”, Comput. Vis. Sci. 13 (2010), no. 4, p. 161-175.

[68] C. Wieners, “Distributed point objects. A new concept for parallel finite elements”, in Domain Decomposition
Methods in Science and Engineering, vol. 2005, Springer, Berlin, Heidelberg, 2005, p. 175-182.

[69] H. Ledbetter, E. Naimon, “Elastic properties of metals and alloys. II. Copper”, J. Phys. Chem. Ref. Data 3 (1974), no. 4,
p. 897-935.

[70] J. Rösler, H. Harders, M. Bäker, Mechanisches Verhalten der Werkstoffe, Springer-Verlag, Wiesbaden, 2019.
[71] E. Date, K. Andrews, “Anisotropic and composition effects in the elastic properties of polycrystalline metals”, J. Phys.

D 2 (1969), no. 10, p. 1373-1381.
[72] W. P. Davey, “Precision measurements of the lattice constants of twelve common metals”, Phys. Rev. 25 (1925), no. 6,

p. 753-761.
[73] L. P. Kubin, G. Canova, M. Condat, B. Devincre, V. Pontikis, Y. Bréchet, “Dislocation microstructures and plastic flow:

a 3D simulation”, in Solid State Phenomena, vol. 23, Trans Tech Publications, Switzerland, 1992, p. 455-472.
[74] L. Kubin, B. Devincre, T. Hoc, “Modeling dislocation storage rates and mean free paths in face-centered cubic

crystals”, Acta Mater. 56 (2008), no. 20, p. 6040-6049.
[75] D. Weygand, L. Friedman, E. Van der Giessen, A. Needleman, “Aspects of boundary-value problem solutions with

three-dimensional dislocation dynamics”, Model. Simul. Mater. Sci. Eng. 10 (2002), no. 4, p. 437-468.
[76] J. Bonneville, B. Escaig, J. Martin, “A study of cross-slip activation parameters in pure copper”, Acta Metall. 36 (1988),

no. 8, p. 1989-2002.
[77] J. Wu, W. Tsai, J. Huang, C. Hsieh, G.-R. Huang, “Sample size and orientation effects of single crystal aluminum”,

Mater. Sci. Eng. A 662 (2016), p. 296-302.

C. R. Physique — 2021, 22, n S3, 267-293


	1. Introduction
	2. Methods
	2.1. Considered system
	2.2. Experiments
	2.3. Dislocation density based continuum model
	2.3.1. Numerical implementation


	3. Results
	3.1. Experiments
	3.1.1. Burgers vector analysis
	3.1.2. Size dependence of the GND density network

	3.2. Simulations
	3.2.1. Size dependency
	3.2.2. Microstructure evolution


	4. Discussion
	5. Conclusions
	Acknowledgements
	Supplementary data
	Appendix A. Impact of geometric imperfections
	References



